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ABSTRACT
FRACTURE AND FATIGUE CRACK GROWTH
IN 52100, M-50 and 18-4-1 BEARING STEELS
by
JOSE ANTONIO RESCALVO SANTIAGO
Submitted to the Department of Materials Science and
Engineering on May 4, 1979, in partial fulfillment of the
requirements for the Degree of Doctor of Philosophy.
The plane strain fracture toughness values, KIc, the
fatigue crack growth rates and the tensile properties of
52100, M-50 and 18-4-1 steels have been measured for various
heat treatments typically used in rolling contact bearings.
The 52100 was made in an electric-furnace with D-H degassing,
the M-50 was a vacuum-arc-remelted grade (VIM-VAR) and the
18-4-1 an electroslag (ESR) grade. For the 52100 there were
three different austenitizing temperatures, 815*C, 840*C,
and 870*C, and five tempering temperatures in the range
135*C - 230*C. For the M-50 and 18-4-1 high-speed steels
there was one austenitizing temperature, 1095*C for M-50
and 1225*C for 18-4-1, and several tempering temperatures
in the secondary hardening were used.
The microstructures of these steels were markedly
different, but the KIc values and the fatigue crack
propagation rates were very similar for all of them. The
fracture toughness values were also independent of the
orientation of the specimens with respect to the rolling
direction. At any hardness level, KIc was the highest for
the 18-4-1 steel. This steel contained a matrix with the
lowest carbon content, 0.42 wt. pct. The lowest KIc values
and the highest matrix carbon content, 0.67 wt. pct., were
observed in the 52100 specimens austenitized at 870*C. At
the usual hardness for bearings, Rockwell C 62, the highest
fracture toughness value obtained was 21 MPa.ml/ 2 .
SEM fractography showed transgranular fracture paths
for M-50 and 18-4-1, but mainly intergranular paths for
52100. SAM analysis at fractured grain boundaries in 52100
indicated that the tendency to intergranular fracture may
be related to phosphorus segregation during austenitizing.
However transgranular areas were also observed on the
fracture surfaces- of 52100, and we cannot assume that KIc
for transgranular fracture is much different. In all cases,
the fracture travelled around, rather than through the
carbides.
Resistance to fatigue crack propagation appeared to
follow the same trends as the fracture toughness. It
decreased as the carbon in solution increased. Growth
rates followed a law of the form dc/dN = A(AK)m with
m = 3-4, but because of the low fracture toughness of
these steels a rapid crack growth acceleration occurred
at AK values as low as 9 MPa.ml/2 for R = 0.1. Fatigue
crack growth was still significant at AK = 5 MPa.ml/2.
The insensitivity of KIc to the volume, size, nature
and distribution of undissolved carbides suggests that the
fracture toughness of the matrix in the presence of a sharp
crack was so low that the fracture process zone contained
only matrix material. We thus believe that KIc in these
steels is limited by the substructure of the martensite,
which is plate-martensite, and by the amount and
distribution of temper carbides. On this basis the effect
of the amount of carbon in solution on the fracture
toughness can be understood, since higher carbon austenites
produce more internally strained martensites on quenching
and more carbides on tempering of the martensite.
Resistance to fatigue crack propagation followed the same
trend as KIc, and, must therefore be limited by the same
factors.
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I. INTRODUCTION
Rings used in rolling element bearings are normally
subjected only to contact stresses. The stress field -
(Hertzian field) is typically triaxial with a very high
hydrostatic component, and the stressed volume is very
small. The maximum shear stress beneath the surface is
about three times that on the surface. In the absence
of large hoop or sliding stresses, rolling bearing rings
fail mainly by spalling fatigue.2,3 In this failure mode
a small crack, nucleated either beneath the surface in
the vicinity of the maximum equivalent shear stress, or
at the surface, grows and breaks out, taking an entire
chip of material away. The fatigue life appears to be
inversely proportional to the third power of the applied
load, and there is some theoretical ground for this
relationship.4 While spalling fatigue is undesirable,
it is a relatively gradual failure process that can be
detected by vibration monitors, chip detection, or other
oil system monitors, and the affected components can
usually be removed before more serious secondary damage
is incurred.
ll
In some applications, however, such as mainshaft
aircraft gas turbine bearings, significant hoop and friction
stresses can be developed and the superposition of these
stresses on the Hertzian field can lead to rapid fracture
of the rings, in contrast to spalling fatigue. There is
now considerable pressure to increase the performance
demands on these bearings. Aircraft engine bearing inner
races tend to be rings with inner to outer diameter ratios
of 1.07 to 1.10. Most mainshaft bearings operate about
2.0 million DN, where DN is a bearing speed parameter
which is the product of the baring bore in millimeters and
the shaft speed in RPM. Future engines will approach
4.0 million DN, with the hoop stresses in the inner rings
increasing from about 140 MPa to 445 MPa. Under these
conditions fracture will become the most significant mode
of failure, and new materials, or at the least, a different
approach to the processing of currently used bearing steels
may be required if these high speed requirements are to be
met. This is a subject of considerable interest and concern
to the bearing and aerospace industries.
Relatively few steel compositions are now used in
aircraft gas turbine bearings. The AISI grade 52100
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(1.0 C, 1.5 Cr) is used for some of the smaller and older
engines. The high speed steel M-50 (0.8 C, 5.0 Mo, 4.0 Cr,
1.0 V) is used in the newer high-performance engines
produced in the U.S. In British engines 18-4-1 (Tl)
high-speed steel (0.75 C, 18.0 W, 4.0 Cr, 1.0 V) is used
in high performance engines. The service requirements
place severe limitations on the heat treatment of these
bearing steels. Good abrasion resistance is required,
and the hardness is thus specified to be of the order of
61-63 Rockwell C.
Linear Elastic Fracture Mechanics (LEFM) can be used
to assess the fracture resistance of these materials,
because of their low ductility. LEFM shows that the stress
and strain fields ahead of an infinitely sharp crack in an
elastic or quasi-elastic body is totally characterized by
the stress intensity factor K, which is a function of the
applied load, P, the crack length, c, and the geometry
of the body. In cases where the applied stress is
perpendicular to the crack plane the fracture type is
called mode I, and the stress intensity factor is
designated as K . Unstable crack propagation occurs
at a critical value KIc, independent the size of
13
geometry of the crack and independent of the size and
geometry of the body. Kc is then an inherent property of
the material, in the same sense that yield strength is a
materials property, and it -represents the fracture
toughness of the material. If the KIc of the material is
known, LEFM can be used to determine whether a material
is adequate for a given level of stress.
In components subject to cyclic stress amplitudes,
fatigue crack growth becomes very important, and LEFM has
also succeeded in characterizing this behavior. Crack
growth rates, dc/dN, where N is the number of stress
cycles, depend on the stress intensity factor amplitude,
AK, on the maximum stress intensity factor Kmax, and on
the intrinsic properties of the material. Therefore, if
the curves dc/dN are known for a given material, they can
be applied to predict the fatigue crack propagation rate
in any situation independent of the geometry of the
component.
K IC is very important for the engineer from the
standpoint of design. It is also important to gain some
insight into the fracture processes which occur in front
of the crack in order to relate the microstructural
parameters to the fracture toughness.
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In this work we have studied the fracture toughness
and the fatigue crack growth rate of 52100, M-50 and 18-4-1
as they are usually heat treated for gas turbine bearing
applications. We-have attempted to relate these properties
to the microstructure. We also considered that the
experience gained with these steels could be extended to
other tool steels and other applications where fracture
may be also a problem.
II. LITERATURE REVIEW
2.1 General Conditions of Fracture
In the final phases, fracture always involves the
propagation of a pre-existing or pre-induced crack. For a
crack to spread two conditions must be satisfied.6 First,
there must exist a mechanism for atomic bonds to be broken
at the tip of the crack. Second, the thermodynamics must
be favorable, i.e. the free energy released by crack
propagation must compensate for the energy increase
associated with the newly created surfaces. In perfectly
elastic solids the stress concentration at the crack tip
is large enough to break interatomic bonds. The
theoretical cohesive stress6 is of the order of E/10, and
fracture occurs, as first shown by Griffith,7 when the
thermodynamic condition is satisfied. These types of
cracks are called Griffith cracks, and the fracture stress,
aF, is proportional to (2ys 1/2 , where y is the surface
energy per unit area. In metals, however, stress will
normally be relieved by plastic yielding before it reaches
the cohesive stress, and the Griffith condition is no longer
sufficient for the crack to spread. Crack propagation must
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be plastically induced, and energy values larger than 2ys
will be required to propagate the crack. However, rapid
fracture can occur in metallic structures at loads which
do not produce general yielding, since it is possible to
obtain a localization of plastic flow in front of a
pre-existing crack or a machined notch. The mechanisms
of fracture can involve cleavage, fibrous rupture or
glide band decohesion.
Even if local plastic flow around the tip of the
precrack always precedes fracture in metals, KI still
characterizes the crack tip stress and displacement field
under mode I, provided that the extent of the plasticity
is small compared with the crack size, with the width of
the uncracked ligaments and with the thickness of the
specimen. LEFM is applicable under conditions of small
scale yielding and plane strain, and fracture occurs in
a precracked component when K reaches the critical
fracture toughness, KIc, of the material. Irwin 8 first
showed that the energy per unit area required to propagate
a crack, GIc, is related to KIc through GIc Z (1_V 2 )KIc/E,
and that the fracture stress is proportional to (GIc/c)1/2
17
where for metals GIC must include, besides the surface
energy of the two cracked surfaces, a very much larger term
associated with the plastic work necessary to produce
unstable crack extension.
2.2 Plane Strain Cracks
Rice and Johnson9 first emphasized the importance of
accurate determination of the stress and strain distribution
in the near-crack-tip region in order to connect fracture
mechanics with microscopic separation mechanisms. Their
work and the finite element solutions of Levy et al, 10
Rice and Tracey and Tracey12 treat the stress near a
plane strain crack tip for small scale yielding. The
analyses are largely dimensionless, without absolute
values of K or distance in the calculation. Figure 1,
taken from Tracey's paper, shows the tensile stress ahead
of the crack for various hardening exponents. The stress
does not continue to increase with increasing KI, but the
distance over which it operates is extended. The plastic
zone has the form of two lobes, with the maximum extent,
Rmax, at an angle of + 70.5* to the line of crack extension,
18
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Figure 1. State of stress near a plane strain crack
tip for small scale yielding when large
geometry change effects are neglected.
From Tracey.l2
and with the minimum extent, Rmin' along the line of crack
9propagation. In terms of K1 , Rmax is given by
K 2
R = 0.175 K[
max [1]
y
and Rmin is given by
K2
Rmin = 0.032 (K [2]
y
The crack-tip opening displacement CTOD, is given9 by
K12
CTOD = 0.5 a E [31
ayE
where a is the uniaxial yield stress and E is Young's
modulus. Rice and Johnson9 pointed out that the CTOD will
normally result in blunting of the crack tip. The two
major effects of crack tip blunting are to lead to intense
strains, of the order of unity, directly ahead of the crack
tip and to cause a reduction of the triaxially elevated
stress state as required to meet the zero-traction condition
at the blunted crack (Figures 2 and 3).
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2.3 Cleavage
There is today much evidence to support the view, due
originally to Zener,15 that in some materials cracks can
be nucleated by plastic yielding, involving microscopic
processes such as the coalescence or reaction of
dislocations, blockage of twins, or the fracture of a
brittle second-phase as a result of the plastic deformation
of the matrix. The main feature of the yield mechanism of
cracking is that it enables running cracks to be created
suddenly and so enables brittle fracture to occur under
conditions where a resting crack might be immobilized by
plastic blunting. Cracks nucleated by yielding may thus
behave as Griffith's cracks at the instant of nucleation
and can propagate catastrophically if the tensile stress
is above the Griffith stress. Factors that raise the
stress available for propagation of the nuclei favor
cleavage. Consequently, cleavage is enhanced by the
triaxial tension system generated at notches or cracks,
by low temperatures, by solution or precipitation
hardening, by irradiation hardening and by other factors
which raise the yield stress. Fine grain size also raises
the yield stress, but fine grain sizes are often important
inhibitors of cleavage. In a recent paper Curry and Knott1 6
have shown that in normalized mild steels, where grain
boundary carbides appear to be responsible for cleavage,
the grain size dependence of the cleavage fracture stress
can be explained simply by taking account of the increase
of carbide thickness with grain size. It seems that the
same diffusional process controls the growth of both grain
boundary carbides and ferrite grains in such a way that
the carbide thickness-to-grain-diameter ratio is roughly
constant for all mild steels of similar carbon contents
cooled at different rates from austenite.
Cleavage may be transgranular or intergranular.
Transgranular cleavage does not occur in fcc metals, where
atomically sharp cracks are always unstable against
dislocation blunting. Intergranular cleavage in metals is
normally associated with the segregation of surface active
solute atoms to the grain boundaries. Examples are Sb and
Bi in copper, or in low-carbon irons, and S and P in steels.
In high-strength steels fast crack propagation takes place
along prior austenite grain boundaries which have been
embrittled by the accumulation of elements, usually present
as residual impurities, from Groups IVb to VIB of the
periodic table. l'18 The degree of grain boundary
embrittlement is a function of the intergranular amount 19 2 2
and potency '7 19 ,21 ,22 of each segregated impurity (it
increases with both group number and period number) and ~
of the hardness of the steel.21,22 The amount of impurity
to make the grain boundaries brittle decreases as the
hardness increases. Two possibilities may be recognized
with respect to grain-boundary embrittlement of high-strength
steels:
(a) as-quenched embrittlement caused by segretation
in the austenite. In some cases this may be removed by
very high temperature heat-treatment.23
(b) reversible temper embrittlement caused by
equilibrium segregation of residual elements to prior
austenite grain boundaries when the steel is tempered in,
or slowly cooled through, the range % 300 to 5500C.
Interactive effects such as those between Ni or Mn and
Sb,19,24 Ni or Cr and P2l or Ni and Sn22 may enhance the
amount of segregation that occurs.
Cleavage is essentially stress controlled, provided
that crack nuclei may be formed easily. It was first
recognized, however, by Wilshaw, Rau and Tetelman,2 5 and
it is clear from dimensional considerations alone, that
for crack propagation by cleavage to occur not only a
critical stress must be achieved, but this must be done
over some microstructurally significant size scale ahead
of the crack. Using an earlier version of results of the
kind shown in Figure 1, Ritchie, Knott and Rice (RKR) 2 6
were able to explain the temperature dependence of KIc
for a normalized mild steel in the cleavage range, and
found that the size scale to best fit the results was
approximately two grain diameters. Rawal and Gurland 27
extended the RKR model to spheroidized carbon steels.
They considered the cleavage fracture of those steels
as the propagation, as Griffith defects, of crack nuclei
produced by the cracking of carbides, and they concluded
that the size scale for those steels lies between 1 and 2
grain diameters. Curry and Knott have studied the
variation of the critical distance with grain size in a
normalized mild steel and they found, however, that it
can be many times the grain diameter and that the critical
distance/grain diameter ratio increases as the grain size
decreases. The value of the microstructural size scale
then is still mainly an empirical observation.
The magnitude of the critical cleavage stress is
generally calculated from finite-element stress analysis
28for V-notched bars in bending. In steels containing
carbides particles, which fracture during tensile tests
to provide incipient cracks, it has been shown1 6 that
the fracture stress in the cleavage range is identical
to the Griffith stress necessary to propagate a microcrack
of the size of the largest carbide particles found in the
microstructure, if the effective specific surface energy
of the steel is assumed to be approximately 7 Jm -2, that is,
one order to magnitude larger than the true specific
surface energy of iron, 1 Jm 2. Possible reasons for such
a value of the effective surface energy have been discussed
by Knott.2 9 It is evident, however, that the identity
between the cleavage stress as calculated from notched bars
and the Griffith stress associated with the 'larger' carbides
must break down for coarse microstructures or low volume
fractions of carbides, since larger plastic zones, and
thereby larger stresses, are required to sample a 'large'
27
carbide. In low-ductility matrices fracture may even occur
by some other mechanism before particle-induced cleavage can
occur. It is also of interest to mention here,as noted by
Curry and Knottthat, in room-temperature tensile tests, Liu
and Gurland30 observed that whereas in ductile fracture
failure occurred by void formation at both cracked and
debonded carbide particles, only the cracked carbides can
act as crack nuclei for cleavage fracture.
2.4 Fibrous Rupture
In materials for which the basic lattice and grain
interfaces are not easily cleaved, a typical process of
fracture involves cracking or debonding of large
inclusions, the plastic enlargement of the cavities thus
created by continuing deformation, and an ultimate ductile
rupture that involves the nucleation and growth to
coalescence of additional holes from populations of smaller
particles, a process which is often brought about or carried
to a rapid conclusion by an unstable localization of plastic
flow into a shear band. This kind of fracture is referred
as fibrous rupture and it is very common in low- and
medium-strength steels at moderately high temperatures and
in low- and medium-strength aluminum alloys.
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The mechanics of plastic hole growth has been studied
by McClintock,31,32 Rice,33 Rice and Tracey,34 and
Thomason,35,36 who emphasize the important role of
triaxially elevated stress, such as those which exist
ahead of cracks of notches, in greatly increasing the
incremental void growth which results from an increment
of plastic strain. It is such an effect that make
possible macroscopically brittle crack behavior in
materials which at microscopic scale or in less severe
conditions of stress exhibit a large ductility. The
fracture criterion appears thus to be a combined
stress-strain criterion, and for cracks to propagate
by a fibrous rupture mechanism that critical stress-strain
combination must be achieved over a microstructurally
significant distance. The critical distance is likely to
be the average near-neighbor distance between the
second-phase particles at which voids are nucleated
first, 37,38 or at least proportional to that distance.
A lower bound for KIC is obtained9 by making 2 x CTOD
equal to the average near-neighbor distance, A, between
particles. In doing that it is assumed: (1) that voids
are nucleated at almost zero strain; (2) that the crack
tip blunts and the length of the resultant intensely
strained region (ISR) ahead of the crack tip is equal to
the width of the uncracked ligaments between the main
crack and the void at the onset of unstable crack
propagation. The model predicts that the fracture
toughness KIc increases with increasing yield stress
and with increasing the interparticle distances. As
the yield stress is increases, however, the strain-
hardening capacity of the material generally decreases,
and larger incremental void growth results from a given
increment of plastic strain. The net result may thus be
a drop in the KIc fracture toughness, instead of the
improvement predicted by the lower bound.
2.5 Glide Band Decohesion
Attempts to extend the mechanisms of crack extension
for low- and medium-strength ductile materials to
high-strength ductile materials fail to explain why KIc
decreases with increasing yield stress and why it increases
toward a finite limit as the inclusion volume fraction
decreases to zero. The minimum fracture toughness KIc
associated with those mechanisms corresponds to
non-hardening materials, and is given by V 0 . 5 Ea A, where A
is the average near-neighbor distance between inclusions.
It indicates therefore that, despite the observed behavior,
KIc should increase with yield stress and also increase
indefinitely as the inclusion volume fraction is decreased
to zero. Furthermore, it has been observed39 that appreciable
crack tip blunting, which is central to fibrous rupture may
not occur in high-strength materials. In such cases no
plastic relaxation immediately ahead of the crack tip exists,
and plastic flow must be concentrated along two infinitesimally
thin plastic zones emanating of the crack tip in a symmetric
manner. If cleavage is not operative, fracture must thus
occur in those materials by decohesion along the shear bands,
and crack will propagate in a zig-zag manner.39
Formal plastic-elastic analysis (for example Bilby,
Cottrell and Swinden 40) appropriate for the restricted yield
situation shows that when yield occurs within an
infinitesimal thin zone
Gic= $ a y (u) du [4]
Ic e y
where a (u) is the stress in a material element within the
plastic zone and u is the relative displacement. Smith
et al suggest that the shear resistance-relative
displacement curve is likely to consist of four separated
regions: (a) a hardening region corresponding to the
initial movement of the dislocations; (b) a softening
region associated with the degradation of particle/matrix
interfaces, where the particles are the dispersion-hardening
particles; (c) a further hardening region corresponding to
a substantial increase in the dislocation density, which is
generally recognized to be a characteristic feature of
concentrated flow bands; and (d) a softening region
associated with the operation of glide band decohesion
processes within a concentrated flow-zone. The same
authors list experimental evidences supporting crack
extension in high-strength materials by shear band
decohesion. It appears that void-forming inclusions
play only a minor role, and they have an increasingly
less effect as the flow strength increases. There is
therefore a marked contrast with the behavior of
low-strength materials, for which the primary means of
attaining a high toughness value is to reduce the void
forming inclusion content. Void-forming inclusions
still will be critical, however, in fracture after general
yielding in promoting flow localization, and the ductility
of high-strength material will follow the usual dependence4 2
on volume fraction of inclusions.
2.6 Fatigue Crack Propagation
One of the critical results emerging from the analysis
of all the elastic-plastic models is that, for small scale
yielding, the plastic deformation ahead of the crack is
entirely determined by the history of variation of the
stress intensity factor. Thus two different cracked bodies
with identical material properties will exhibit identical
fatigue crack extensions if each is subjected to the same
small scale yielding range time history variation in
elastic stress intensity factor. Paris, Gomez and
Anderson43 first proposed a correlation of this type, and a
series of subsequent studies by Paris, Paris and
Erdogan,45 Donaldson and Anderson,46 Schijve and Jacobs47
and Schijve et al,48 employing both their own data and
that of several other investigators, have amply documented
the validity of this approach. In the small scale yielding
range the stress-strain history at the crack tip is completely
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specified by the maximum, Kmax, and amplitude, AK, in the
stress intensity factor. Thus, were dc/dN is the extension
of a crack per cycle of loading, dc/dN = f (Kmax, AK), or
alternatively dc/dN = f2 (R, AK), where R is the dimensionless
ratio K min/Kmax (identical to the minimum to maximum load
ratio). A simple relationship of the form
dc _m[5
= A(AK) [5]
where A and m are regarded as material constants, was
introduced by Paris and Erdogan45 to cover-early
experimental observations of fatigue crack growth rates.
Experimental investigations on a wide variety of materials
have reported values of m lying in the range 2 to 19.4.49
It is now well known that this wide range of values is
found because the growth law [5] is not in general obeyed
over the whole range of growth rates.
The Paris-Erdogan law is only a phenomenological law,
of doubtless value for testing and designing, but it does
not say anything about how fatigue fracture actually occurs.
Various mechanisms have been proposed, and these and the
associated crack propagation laws have been recently
reviewed by Irving and McCartney.49 Mechanisms such as
oxidation and microscopic irreversibility of plastic flow,
which prevent re-welding of the crack during the compression
mode of each cycle predict crack growth rates proporational
to the instantaneous values of the cyclic crack opening
displacement, and therefore proportional to (AK)2 . On the
other hand, mechanisms based on damage or strain accumulation
favor crack growth rates proportional to (AK)4 . Experimental
data, however, in the mid-AK range indicate m values lying
between 2 and 4, and do not discriminate thus between the
two groups of fatigue crack propagation theories.
In general, all the laws predict that as the elastic
modulus E increases the growth rate will decline at a given
AK. In fact it has been shown50 that if log (dc/dN) is
plotted as a function of log (AK/E) for a variety of
materials then an approximate correlation results, having
a broad scatter band. There have been also several attempts
to correlate fatigue crack growth rates will yield stress,
since according to all the laws it should be just as
important a variable as the modulus. Crack-growth rates
again declines with increasing yield strength at a given AK.
However, the parameter tends to have little effect, or even
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the reverse of what is expected.51 The reason may be that
cyclic flow strength instead of the monotonic yield stress
should be considered. Theories based on crack propagation
by damage accumulation52-56 emphasize also the important
role of the ductility in improving the fatigue-crack-growth
resistance of the material. And, indeed, such a correlation
is normally found.5
4
,
5 6
In general, crack growth rates will depend not only on
AK but on Kmax also. The effect of Kmax is particularly
significant at Kmax values approaching the K Ic fracture
toughness of the material. Fractographic observations of
fatigue surfaces have indicated that Kmax can effect crack
growth rates by promoting monotonic modes of fracture, such
as intergranular or transgranular cleavage in semi-brittle
materials,57-59 and cracking or decohesion of second-phase
particles and void growth in ductile alloys. 60 ,61 In the
case of ductile alloys it is clear that the monotonic
contribution to crack growth should increase with increasing
Kmax values. It should even be possible to quantify that
contribution by using fibrous rupture models. The Kmax
contribution must be important only when the monotonic
plastic size zone is of the order of the interparticle
spacing. For smaller plastic zones the crack growth should
be contolled principally by the properties of the matrix,
as it was experimentally first showed by R. M. Pelloux.60
It is not so evident, however, why in semi-brittle materials
the proportion of cleavage areas must increase with increasing
values values of Kmax* Or why in high-strength materials
which fracture by shear band decohesion the monotonic
contribution should increase as Kmax increases.
The existence of non-propagating cracks indicates that
must be a threshold amplitude, AKth, for fatigue crack
propagation to occur. 62 ,63 Experiments have shown that, in
general, AKth decreases as Kmax increases but a satisfactory
explanation for such behavior does not exist yet.
6 4
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2.7 Physical Metallurgy of 52100 Steel
As heat treated for bearing applications, the
microstructure of this steel consists of a dispersion of
undissolved carbides. in a matrix of low-tempered martensite
containing variable amounts of retained austenite (Fig. 4
and 5). Because soft steel is needed for fabricability,
the material customarily supplied to bearing manufacturers
Figure 4a. 52100 austenitized at 815*C for 25 min. and
quenched into oil. Untempered. Etched in
picral 4%.
Figure 4b. 52100 austenitized at 815*C for 25 min. and
quenched into oil. Tempered at 170*C for
2 hours. Etched in picral 4%.
Figure 5a. 52100 austenitized at 870*C for 25 min. and
quenched into oil. Untempered. Etched in
picral 4%.
Figure 5b. 52100 austenitized at 870*C for 25 min. and
quenched into oil. Tempered at 170*C for
2 hours. Etched in picral 4%.
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is spheroidized (Fig. 6) and the carbide size and dispersion
present after hardening reflect to a marked degree the size
and dispersion of carbides in the spheroidized material.
Combined X-ray and chemical analyses of extracted carbides
remaining after hardening show that they are (Fe, Cr) 3C type
of carbides with approximately 9 wt. pct. of chromium.68' 69
In the as-quenched condition the martensite is of the
plate-martensite type70 and it is expected to contain twins
and dislocations.70 Carbon occupies tetrahedral sites in
the iron lattice, distortioning it and giving a tetragonal
lattice with a ratio c/a " 1.045.70
Oil or water quenched 52100 always contains significant
amounts of retained austenite, between 10 and 20 vol. pct.
Refrigeration after quenching reduces those amounts but
the volume fraction of retained austenite is still 5 to 10
vol. pct. after cooling at -120*C. Since the formation of
a martensite plate involve both shear and positive normal
(% 1 pct.) components of strain, shear and tensile stress
may induce transformation of the retained austenite. 72
Rolling bearing components are used as tempered rather
than in the as-quenched condition. The process of tempering
73involve at least three stages. The first stage is the
52100 as received. Etched in picral 4%.
I.
Figure 6.
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formation of a coherent transition phase called E-carbide
below 200*C (400*F). The matrix remain martensitic, but
the solid solution carbon content decreases to about
0.2 wt. pct. (c/a = 1.014). The e-carbide is a hcp phase
of composition roughly Fe2 .5 C whose basal plane is coherent
with the close-packed {110} plane of the martensite.74 It
can be derived from the martensite by a small shear of the
martensite lattice plus a minor reshuffling of the atoms.
This carbide nucleates throughout the grains and often
forms on dislocations and/or on the twins which give the
lattice invariant shear therein.70 During the second stage,
occurring between 200*C (400*F) and 300*C (600*F), the
retained austenite transforms to bainite. At these low
temperatures, the microstructure that forms consists of
ferrite (c/a = 1) and e-carbide.75 At the same time during
this stage fine semicoherent platelets of Fe3C nucleate and
grow at the expenses of the e platelets and of the solid
solution carbon,70,75 and after completion of the second
stage martensite and retained austenite have been totally
transformed into ferrite and very fine semicoherent
cementite. Finally during the third stage, at temperatures
between 300 0C (600*F) and the eutectoid temperature, the
cementite platelets obtained in the second stage of
tempering are replaced by spheroidal incoherent cementite
particles which, coarsen with additional time.
In the third stage, reactions also occur in the ferrite
matrix.75 The first of these takes place between 500 0 C
(900*F) and -600*C (11000 F) and involves the recovery of the
dislocations. This produces a low-dislocation-density
acicular ferrite. On further heating from 600*C (11000 F)
to 700*C (13000F) the acicular ferrite grains recrystallize
to form an equiaxed ferrite structure. This recrystallization
occurs with difficulty at high carbon concentration because
of the pinning action of the carbide particles on the ferrite
boundaries.
The third stage of tempering leads to microstructures
too soft for bearing applications, which require hardness
levels in the vicinity of Rockwell 60 C, and only the first
and second stages of tempering are of interest to the
physical metallurgy of 52100 as heat-treated for rolling
bearing systems. In that condition the microstructure of
52100 should consist of a dispersion of micron-size
spheroidal incoherent undissolved carbides, and
submicroscopic coherent c carbides and semicoherent
cementite platelets in a matrix of 0.2 wt. pct. carbon
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martensite with variable amounts of acicular ferrite and
retained austenite. The matrix will have a dislocation-twins
density comparable to that of a highly deformed metal. 76
2.8 Previous Work on Fracture Toughness of 52100
To date there has not been a systematic study of the
fracture toughness of 52100 as commercially heat treated
for bearing applications. However, in a recent paper
K Nakazawa and G. Krauss77 have analyzed the effect of the
austenitizing temperature and microstructure on the
K Ic-fracture toughness of a 52100 steel specially
heat-treated for carbide refining. These special
heat-treatments have been devised because of the scattered
references to improved bearing life with finer carbides,
and they incorporate an intermediate heat treatment to
produce a pearlitic or bainitic microstructure prior to
austenitizing for the conventional hardening. The
resultant microstructure after hardening consists of a
dispersion of ultrafine (0.1 to 0.5 ym diameter) spherical
residual carbides in a matrix of martensite and retained
austenite, this phase being present in a higher proportion
than in conventionally heat treated specimens.69 In the
work by Nakazawa and Krauss specimens were homogenized at
1150 0 C (21000F) and either furnace cooled or isothermally
transformed at 580*C (1015*F) to produce pearlitic
microstructures prior to austenitizing for hardening.
Furnace-cooled specimens (specimens A) developed'
proeutectoid carbide networks which did not dissolve
during subsequent austenitizing below Acm, whereas the
specimens isothermally transformed(specimens) B did not
contain proeutectoid carbides. In both types of specimens
fracture was transgranular with respect to the prior
austenite grain, but in the furnace-cooled specimens
fracture occurred along the proeutectoid carbide network.
That network thus represented a weak path for crack
propagation. Surprisingly, however, KIC values were
systematically higher for furnace-cooled specimens than
for isothermally transformed specimens, a fact which is
difficult to rationalize with these fractographic
observations. In the furnace-cooled specimens fracture
toughness decreases with increasing austenitizing
temperature. The effects of austenitizing at higher
temperatures is to reduce the sizes of the carbides and
to increase the carbon content of the matrix. The first
effect can only increase the fracture toughness whereas the
second one will decrease it. Since the net effect of
increasing austenitizing temperature was to decrease the
K IC values, it must be concluded that the carbon content
of the matrix controlled KIc in specimens A. On
austenitizing above Acm, 950*C (17500F), all the carbon
went into solution and, as expected, the fracture toughness
remained fairly constant with increasing austenitizing
temperature independent of the microstructure prior to
austenitizing for hardening. Since not more carbon could
be brought into solution above 950*C (17500C) increasing
austenitizing temperatures could not be detrimental
anymore to the K Ic fracture toughness of the steel.
In the specimens isothermally transformed previously
to austenitizing for hardening the measured values of KIc
increased with increasing austenitizing temperature. Since
austenitizing in those specimens leaded to smaller volume
fractions of undissolved carbides and to larger particle
sizes the observed trend in KIC was consistent with a
fibrous mode of fracture. It remains for explaing, however,
why the fracture path in Specimens A was different than in
Specimens B given that the fracture path B was less energy
Figure 7. M-50 as received. Etched in nital 2%.
Figure 8. 18-4-1 as received. Etched in nital 2%.
Figure 9a. M-50 austenitized at 1095*C for 30 min.
and air cooled to room temperature.
Untempered. Etched in nital 2%.
Figure 9b. M-50 austenitized at 1095*C for 30 min.
and air cooled to room temperature.
Triple tempered at 510*C for 2 hrs.each
time. Etched in nital 2%.
Figure 10a. 18-4-1 austenitized at 1255*C for 5 min.
and air cooled to room temperature.
Untempered. Etched in nital 2%.
Figure 10b. 18-4-1 austenitized at 1255*C for 5 min.
and air cooled to room temperature.
Triple tempered at 540*C for 2 hrs. each
time. Etched in nital 2%.
consuming. Unfortunately Nakazawa and Krauss did not
characterize the carbide distributions of their
microstructures, and the fact could be related to a coarser
carbide distribution in specimens A.
2.9 Physical Metallurgy of High-Speed Steels
The physical metallurgy of the high-speed steels has
been last reviewed by T. Mukherjee 8 and Bridge et al. 79
In the annealed condition these steels contain a dispersion
of alloyed carbides in a matrix of ferrite (Fig. 7 and 8).
After hardening they contain variable amounts of alloyed
carbides (Fig. 9 and 10) untempered martensite and, usually,
large amounts of retained austenite. The carbides present
in the annealed microstructure are M6C, MC and M23C6 for
tungsten-rich steels 78 and M2C, MC and M2 3 C 6 for
molybdenum-rich steels. 79 On austenitizing for hardening
all of the M23C6 carbides go into solution and only part
of the most stable carbides, M6C or M2C and MC, remain
undissolved. On tempering the hardness first decreases
as usual with increasing tempering temperatures, but about
540 0C (10000F) it exhibits a second maximum known as the
secondary hardening. The secondary hardening peak
55
coincides with the decomposition of the retained austenite,
but it is not a consequence of that decomposition. Instead,
it seems to be associated with the precipitation of a
metastable carbide from the untempered martensite, but the
nature of this carbide is yet uncertain. Mukherjee78 claims
that the secondary hardening precipitate is the MC carbide,
but other investigators 79,8 point out to a metastable M2C
type of carbide as responsible for the secondary hardening.
At higher tempering temperatures the secondary hardening
precipitates coarsen and/or are substituted by the more
stable carbides present in the annealed microstructure,
and the steels follow the usual softening law.
Martensite is of the plate-martensite type and it is
expected to contain twins and dislocations. Its hardness
will depend on the amount of carbon and alloying elements
brought into solution during the austenitizing treatment, 76
and thereby, on the amount and type of carbides dissolved.
The ductility of the martensite will also depend on the
carbon content, since more internal strains81 are build up
in the martensite as its carbon content increases.
2.10 Previous Work on Fracture Toughness of High-Speed Steels
The literature on toughness tests for high-speed -steel
is modest, and a variety of fracture toughness concepts have
been used by the different investigators. Grobe and
82 83 .. 84Roberts, Kirk et al, and Fuissl used the energy absorbed
in impact tests of unnotched specimen as a measure of the
fracture toughness. Dulis and Neumeyer85 used C-notched
specimens. Weigand86 measured the plastic deformation
energy from static bend tests. Only recently Eriksson,87
Johnson,88 and Olsson and Fishmeister89 have used KIc values
to assess the fracture toughness of various high-speed
steels.
Even if only the results of Eriksson, Johnson, and
Olsson and Fishmeister are strictly valid from the Fracture
Mechanics point of view, it is interesting to comment also
what the other investigators found. Grove and Roberts,
Weigand and Johnson found that the fracture toughness of
the high-speed steels tested by them decreased as the
austenitizing temperature increased at a given hardness
level. They did not point out any reason for such
correlation, but it is probable that the lower fracture
toughness at the higher austenitizing temperatures is
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associated with the lower ductility of the resultant
martensite.
Grobe and Roberts, Kirk et al and Fussl mentioned that
fracture toughness decreases as the previous austenite grain
size increases. Weigand has shown, however, that for
constant hardening conditions the fracture toughness as
measured by the plastic deformation energy from static bend
test is independent of the grain size and that the influence
usually ascribed to grain sizes is rather due to the degree
of carbides solution.
Another factor that may be thought to affect fracture
toughness is the size of the undissolved carbides. Dulis
and Neumeyer found that the energy absorbed in the impact
of C-notched specimens was clearly dependent on the carbide
sizes for the larger specimens used (5 in. long) but
independent for the smaller ones (3/4 in. long). Eriksson's
results, however, show that KIC must be independent on the
size of the undissolved carbides at the usual working
hardness levels.
Because of mechanical fibering, the mechanical
properties of deformed metal are in general anisotropic.
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For structural materials KIc has been found to be very
sensitive to the orientation of the specimen, but Olson
and Fischmeister found that for a conventionally produced
M-2 high-speed steel the fracture toughness was isotropic,
and similar to the fracture toughness of one produced by
powder metallurgy, where the carbides were finer and more
homogeneously dispersed.
III. RESULTS AND DISCUSSION
Materials, experimental procedures and results have
been extensively described in Appendices A and B, which
are papers recently submitted to Met. Trans. for publication.
We have measured the uniaxial tensile mechanical properties,
the K Ic-fracture toughness and the fatigue crack propagation
growth rates for the three types of steels, 52100, M-50 and
18-4-1 normally used in aircraft engine bearings. We have
also studied optically and by SEM the microstructures and
we have attempted to characterize their fracture surfaces
by means of SEM observations.
3.1 Uniaxial Tensile Mechanical Properties of 52100
The tensile properties measured were the 0.2 pct. yield
stress, ay, the elongation to fracture, eff the fracture
stress, acf, and the strain hardening exponent, n. They are
summarized in Figures 12, 13, 14 and 15 of Appendix A.
Surprisingly, as shown in Figure 11, at the working
hardness levels the yield stress a y as measured by the
tensile test increases as the hardness decreases, the
52100
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Figure 11. Tensile yield stress of 52100 as function
of the hardness for various heat treatments.
increasing rate being higher as the austenitizing
temperature increases. Similar results were obtained by
B. L. Averbach and P. K. Pearson,71 who also found a
similar trend for the proportional limit. The uniaxial
tensile behavior of 52100 contrasts strongly with its
uniaxial compressive behavior. As shown in Figure 12, the
yield stress as measured by the compression test decreases
with decreasing hardness always. Reasons for such an
axymmetrical behavior are unknown. The transformation of
austenite into martensite involves shear and tensile
strains. Shear and tensile stresses will thus enhance
that transformation whereas compressive stresses will
inhibit it.
It is possible that in tension the initial stress for
stress-assisted transformation of the retained austenite
is below the critical stress for martensite slip or twinning
and that the plastic strains observed for stresses well
below those expected for the martensite represent the
"transformation plasticity" associated with martensitic
transformation under stress. By using magnetic saturation
measurements we have observed that some (about 2 pct.)
retained austenite had been transformed indeed at the
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Figure 12. Compressive yield stress of a conventional
52100 steel; austenitized at 840*C for
30 min. and quenched into oil. From
Stickels.69
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0.2 pct. yield stress, but the associated error, + 1 pct.,
precluded any quantitative analysis. The argument is
coherent with the observed increase in a on tempering
(Figure 13 in Appendix A), since, as shown by Averbach
et al,90 tempering increases the mechanical stability of
the austenite. The lower a values for the specimens
y
austenitized at the higher temperatures are, however,
more difficult to conciliate with a stress-assisted
martensitic transformation mode of deformation. As the
austenitizing temperature increases more carbon is brought
into solution and we expect the austenite to be more stable,
but the austenite stability depends also on factors other
than the composition such as the size of the austenite
particles. At 230 0C (450 0F) all the retained austenite
is gone (Table 4 in Appendix A) and we expect the yield
stress to increase with increasing austenitizing
temperature as it has been observed (Figure 13 in
Appendix A).
The strain-hardening exponent values were higher at
the higher austenitizing temperature and they decreased
with increasing tempering temperature, such a pattern
being consistent with the results obtained when
stress-induced martensitic transformation is the dominant
mode of a deformation.92
SEM observations of the fracture surfaces of the
tensile specimens indicated that fracture was almost
exclusively transgranular with respect to the prior
austenite grains and that the matrix/primary carbides
interfaces represented in these cases the weakest paths
for fracture. Large densities of voids and particles
were visible on the fracture surfaces (Figures 16 and 17
of Appendix A) but it is apparent that the cavities formed
at the carbide particles retained approximately the
dimension of the particles; that is, they did not expand
appreciable either laterally or longitudinally. The final
mechanism of separation was not then that of void
coalescence; instead the voids must be joined by irregular
noncrystallographic cracks which produced a fracture
surface characterized by dimples separated by irregular
facets. In a pure ductile situation we expect the
ductility to be mainly a function of the volume fraction
of the carbide particles,42 and to decrease with increasing
the content of the second phase particles. Figure 12 in
Appendix A shows, however, that the elongation at fracture
65
decreased with increasing austenitizing temperatures even
if they involved (Table 3 in Appendix A) decreasing volume
fractions of undissolved carbides, which suggests that the
"quasi-ductile" fracture of the 52100 smooth tensile
specimens was indeed more complex than a typical ductile
fracture.
Since higher austenitizing temperatures lead to higher
carbon contents in the matrix (Table 3 in Appendix A) the
fracture elongation appears to decrease with increasing
matrix carbon contents. It is a well recognized fact that
the ductility of the martensite decreases with increasing
its carbon content, and it could thus be argued that,
since the parameters of the undissolved carbides did not
change drastically, the lower ductility at the higher
austenitizing temperatures was associated with the lower
ductility of the resultant martensite. Tempering, which
also improves ductility in martensite, leaded also to
higher fracture elongations in the 52100 steel.
Post-mortem observations of the tensile specimens
show the almost complete absence of damage outside the
fracture path, which is indicative of fracture being
initiation-controlled. The elongation at fracture must
thus represent the plastic strain for crack initiation.
Intergranular cracks were seen at the fracture origin of
the specimen austenitized at the higher temperatures, and
it is tempting to use that fact to explain the lower
ductility associated with the higher austenitizing
temperatures. As pointed out in Chapter II intergranular
fracture is normally associated with equilibrium segregation
at the grain boundary. For a given bulk composition the
segregation goes up as the temperature goes down. Grain
boundary embrittlement in the 52100 must be due to
equilibrium segregation of impurities during austenitization,
and therefore the concentration of impurities at the grain
boundaries must be higher at the lower austenitizing
temperatures. Since the tendency to intergranular cracking
was higher at the higher austenitizing temperature it
appears that segregation alone may not account for the
observed behavior. It is well established now, however,
that the tendency to intergranular cracking is also a
function of the hardness of the material, and probably
the higher tendency to grain boundary cracking at the
higher austenitizing temperature was due to the higher
intrinsic hardness and lower ductility of the correspondent
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martensite. At the lower austenitizing temperature
intergranular cracks were not observed at the fracture
origins, and fracture should be initiated by debonding
of the undissolved carbides and cracking of the matrix
ligaments between those particles.
Figure 13 agrees with the general opinion that
elongation decreases with increasing hardness, but it
shows also that at a given hardness level the elongation
depends on the microstructure, the condition of the matrix
being the overriding effect in 52100 for the range of heat
treatments used in this work.
3.2 Fracture Toughness of 52100
The plane strain fracture toughness, KIc, is shown in
Figure 1 of Appendix A. Only small changes in KIc could
be obtained by changes in the conventional heat treatments.
The highest values of KIc, with values of about 20 MPa.m1 /2
(18 ksi in. 1/2), were obtained on austenitizing at 815*C
(1500*F) and tempering in the range 135-195*C (275-385*F).
For each austenitizing temperature the maximum fracture
toughness values were observed on tempering in the range
150-195 0C (300-3850F), and KIC values on tempering at
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Figure 13. Fracture elongation of 52100 as function of
the hardness for various heat treatments.
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230 0C (4500F) were always lower than the maximum. The K
values were insensitive to the orientation of the initial
crack with respect to the rolling direction.
SEM observations of the rapid fractures of the precracked
compact tension specimens indicate that they occurred mainly
by an intergranular mechanism. Typical examples are shown
in Figure 4 and in Figures 2 and 3 of Appendix A. The
intergranular fracture surfaces were quite smooth and AES
(Auger Electron Spectroscopy) analyses of the grain facets
have indicated (Appendix C) phosphorous segregation at the
grain boundaries. Since intergranular fracture was observed
also in the as-hardened condition it is evident that those
impurities were segregated at the austenite grain boundaries
during the austenitizing treatment, and the segregation
involved is an equilibrium segregation, with the segregation
rising up as the austenitizing temperatures fall.93 The
lower values of KIc at the higher austenitizing temperatures
cannot thus be ascribed to a higher segregation. Neither
it can be ascribed to differences in prior austenite grain
since the Shepherd fracture grain size (#9) was the same
for the three austenitizing temperatures.
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Figure 14 shows the measured Ki values versus hardness,
and it is evident from that figure that KIc is not only a
function of the hardness of the steel but also of the
austenitizing temperature. Since the effect of increasing
the austenitizing temperature, is to increase the carbon
content of the matrix and thereby its intrinsic hardness
it appears that the lower KIc values at the higher
austenitizing temperature is associated with the higher
hardness and lower ductility of the resultant martensite.
Even if the degree of grain boundary embrittlement may be
higher at the lower austenitizing temperatures because of
the lower degree of segregation, the matrix is harder and
more brittle and less plastic deformation is required for
crack propagation at the higher austenitizing temperatures.
Johnson89 found also a KIc degradation with increasing
austenitizing temperatures in M2 and M7, and, as it has
been mentioned in Chapter II, the detrimental effect of
using higher austenitizing temperatures on the "fracture
toughness" of very hard steels has been reported by many
other investigators.
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Figure 14. Plane strain fracture toughness, KIc, of 52100
as function of the hardness for various heat
treatments.
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The main effect of rolling is to produce carbide
stringers in which the distance between particles will be in
general smaller than in the matrix, and it can be important
when ductile rupture process-es are operative but not for
intergranular cleavage. It could thus be argued that this
is the reason for the KIC insensitivity to the orientation
of the initial crack with respect to the rolling direction in
the 52100 steel. However such an insensitivity seems to be a
general characteristic of hard steels87,89 independent of the
type of fracture mechanisms. We found indeed that KIc in
M-50 and 18-4-1 was isotropic even though.failure occurred in
a transgranular fashion. This general behavior suggests that
the fracture toughness of hard steels matrices is so low that
the fracture process zone will contain only matrix material,
and therefore K Ic will be independent of the carbide and
inclusion distributions.
It is useful to compare in this section our results
with those obtained by Nakazawa and Krauss 77 to assign the
role of the microstructure on KIc Choosing 62 Rc as
1/hardness, the fracture toughness was 19 MPa.ml/2 for
specimens containing proeutectoid carbide networks,
where the carbides were the paths followed by the rapid
fracture, 14 MPa.m1 /2 for specimens containing an ultrafine
dispersion of undissolved carbides and no proeutectoid
carbides, where the rapid fracture was transgranular,
20 MPa.ml/2 for our specimens austenitized at 815*C which
failed by intergranular cleavage, and 18 MPa.ml/2 for
specimens where all the primary carbides were dissolved
during the austenitizing treatment. Despite the big
differences in microstructures and the apparent
differences in fracture mechanisms only small differences
are found in KIc, and little can thus be done to improve
the fracture toughness of 52100.- Some transgranular
areas were also observed on the rapid fracture surface
of our 52100 specimens, which enforces the opinion of
that the fracture can be switched from one mechanism
to another with only minor changes on the crack
propagation energy. The maximum value measured, about
20 MPa.ml/2 (18 Ksi in /2), is still very modest.
3.3 Fatigue Crack Propagation Behavior
Figures 5, 6, 7 and 8 in Appendix A show the measured
fatigue crack growth rates. dc/dN, for various heat
treatments. Two regimes of crack growth are apparent on
the obtained fatigue crack growth rates curves. The low
fatigue crack growth rates region extended from
AK = 5 MPa.ml/2 to AK % 10 MPa.ml/2 and the Paris-Erdogan
law, dc/dN = A (AK)m, was followed there with values of
m = 3-4, which is within the range found for most of the
structural alloys in the mid-AK regime. Fractographic
observations, Figure 9 in Appendix A, have shown that the
fracture mechanism in this fatigue region was mainly
transgranular, with a few intergranular areas. In the
fast fatigue region, however, the crack growth rate was
higher than that predicted by the law ruling the low
fatigue region and it accelerated rapidly as Kmax approach
K Ic The fracture mechanism here was alsmost entirely
intergranular, as seen in Figure 10 in Appendix A, with
an appearance which was very similar to that observed in
the rapid fracture of K Ic specimens.
As shown in Figures 4, 5 and 6 in Appendix A the
fatigue crack growth rates become lower as the
austenitizing temperature is decreased over the whole
AK range. It appears then that like KIc the fatigue
crack growth resistance decreases as the austenitizing
temperature increases, and it is probably that both
effects were associated with the higher intrinsic hardness
and lower ductility of the resultant martensite. The
observed sensitivity of the fatigue crack growth resistance
to the condition of the martensite and the 4th-power
dependence of the fatigue crack growth rate are consistent
with fatigue fracture occurring by damage accumulation,
when a critical displacements or strain energy is reached
by summation of the displacements or strain energy values
produced by the successive cycles.
3.4 Uniaxial Tensile Mechanical Properties of M-50 and 18-4-1
The measured uniaxial tensile properties of these steels
used in high performance gas turbine bearings are summarized
in Figure 5, 6, 7 and 8 in Appendix B. The abnormal behavior
of the tensile yield stress found in 52100 when retained
austenite is present in the microstructure is found once
more in these steels, since the lower a value corresponds
to the as-air-cooled (AAC) microstructure even if the
hardness was maximum for this condition. The amount of
retained austenite in the AAC condition was lower for 18-4-1
than for M-50 (Table 5 in Appendix B) and also it was the
carbon content and the W-equivalent of the matrix
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(Table 3 in Appendix B). Both effects indicate that the
18-4-1 steel was underhardened with respect to M-50 and it
may explain the higher yield stress of the 18-4-1 AAC with
respect to the M-50 AAC. Above 530*C (985*F) the retained
austenite practically disappeared, and the yield stress
must represent the critical stress for the martensite to
slip, being slightly higher for M-50.
In both steels, SEM observations of the fracture
surfaces show quasi-cleavage facets, tear ridges, and voids
associated with undissolved carbides (Figures 9 and 10 in
Appendix B). The 18-4-1 fracture surfaces showed a very
large density of carbides, with the larger ones fractured
by cleavage. In both steels the voids associated with the
excess carbides were approximately the same size as the
corresponding particles, and there was evidently insufficient
plastic flow to cause any growth of these voids. As in the
case of 52100, post-mortem deservations of longitudinal
sections did not indicate any damage outside the fracture
path, the fact being indicative that also in M-50 and 18-4-1
fracture of the tensile specimens is initiation controlled.
For each steel the elongation at fracture increased with
tempering which indicates that for a given volume fracture
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of undissolved carbides elongation increases as the ductility
of the matrix and its hardness decreases. For a similar
matrix, however, we expect the elongation for fracture
initiation to decrease as the sizes and volume of undissolved
carbides increases.94 The fracture elongation for M-50 was
systematically higher, indeed, than for 18-4-1, consistent
with the fact that 18-4-1 contained many more and larger
undissolved carbides than M-50.
3.5 Fracture Toughness of M-50 and 18-4-1
K Ic-fracture toughness data are shown in Figures 11
and 12 in Appendix B. Like in the case of 52100 KIC was
isotropic. KIc increases as the tempering temperature is
increased on the secondary tempering range, and this
appears to follow the increase in ductility with tempering
temperature. Plane strain fracture toughness, however,
was slightly higher for 18-4-1 than for M-50 despite of
the fact that fracture elongation was lower for 18-4-1.
It thus appears that the intrinsic ductility of the matrix
is so low that fracture initiation at the tip of the
precrack is totally controlled by the matrix. On these
basis the K Ic isotropy can be understood, since
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deformation processes will affect the particles distribution
but it is expected do not induce anisotropy of the matrix.
Cracking of the matrix by strain concentration at the crack
tip may occur before the plastic zone grows large enough to
crack an undissolved carbide or plastically grow the void
resultant from its debonding. SEM observations on the
fracture surfaces of the KIc specimens of these steels
(Figures 13 and 14 in Appendix B) show as in the case of
tensile fractures transgranular crack propagation paths
with undissolved carbides particles and voids associated
with them. We do not know the exact shape and size of the
plastic zone in front of the crack at the onset of unstable
crack propagation, and it is questionable whether continuum
elastic-plastic analyses can be applied to these high-strength
steels, since Eqs. [1] and [2] in Chapter II gives values
which are smaller than the grain sizes. At this scale
plasticity can be strongly influenced by the fine
microstructure of the material, and as pointed out by
McClintock95 should be described by relating directly the
elastic field to dislocation dynamics. Values of the
critical plastic zone size as given by Eqs. []] and [2] are
shown in Table 1. By comparing them with Table 4 in
Appendix B it appears that at least for 18-4-1 the critical
plastic zone might have contained some undissolved carbides.
As mentioned in Chapter II when the plastic zone envelops
a second-phase particles the stresses on the plastic zone
may crack or debond it. If the particle is cracked, if
the material can cleave and if the yield stress of the
material is higher than approximately one third of the
Griffith stress associated with the particle, unstable
crack propagation will occur by cleavage propagation of
the microcrack produced at the second-phase particles.
If one of those conditions is missing, particle-induced
cleavage will not occur and if the matrix is completely
ductile the microcrack will become upon further loading
a holewhich will plastically grow to coalesce with the
main crack. Curry and Knottl6 have pointed out that
debonded particles do not induce cleavage. In general
carbides in these steels debond rather than crack as
shown in Figures 13 and 14 in Appendix B,and may be that
is the reason for the insensitivity of KIc to the presence
of carbides. Debonded carbides may induce fibrous rupture,
but in order to do this, the intensely strained region
(Chapter II) must be at least equal to the distance between
particles. By assuming that continuum models are still
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applicable the extension of the ISR will be approximately
2 x COD, that is, approximately (R min/3). An inspection
of Table 4 in Appendix B tells us that unstable crack
propagation did thus occur before any significant growth
of voids associated with the undissolved carbides, and
therefore undissolved carbides should not play any
important role on the K Ic-fracture toughness of these
steels, where the distances between carbides were larger
than the cutoff determined by the ductility and hardness
of the matrix. We thus expect the KIc-fracture toughness
of these steels to be equal to those of their associated
Matrix steels, and there is some experimental evidence for
that.96 We expect also the KIc-fracture toughness of high
hardness steels with ultrafine dispersion of primary
carbides to be lower than the KIC associated with their
correspondent conventional microstructures. That may be
why Nakazawa and Krauss 77 found that specimens B yielded
the lower KIc values, and that for these specimens KIc
increases with increasing austenitizing temperatures.
Finally we expect the effect of the excess carbides
distribution to be overriding as the hardness of the
matrix decreases and the ductility increases.
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TABLE 1
PLASTIC ZONE SIZES
M-50
Condition Rmax. (im) Rmin (1m)
Tempered at
18-4-1
Condition Rmax. (rm) Rmin (vm)
Tempered at 540 0C
550 0C
560 0C
580 0C
595 0 C 21.0
510 0C
530 0C
540*C
550 0C
565 0C
13.0
11.0
10.0
11.0
13.0
2.5
2.0
2.0
2.0
2.5
12.0
14.0
14.0
17.0
2.0
2.5
2.5
3.0
4.0
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3.6 Fatigue Crack Propagation Rates in M-50 and 18-4-1
Figures 15 and 16 in Appendix B show the fatigue crack
growth rates of M-50 and 18-4-1 steels after various
tempering treatments. Like in the case of the 52100 steel
the fatigue crack growth curves shown two regimes of growth.
The low fatigue crack growth rate regime followed in both
steels the Paris-Erdogan power law with m = 3-4 once more,
whereas in the fact fatigue region the crack growth rates
were higher than those predicted by that law, and they
accelerate rapidly for Kmax approaching KIc*
SEM observations of the fatigue fracture surfaces
indicated that the crack path was totally transgranular in
both steels for the whole AK range tested, and similar to
the one followed during rapid fracture (Figures 17 and 18
in Appendix B). The change in the slope of the fatigue
crack growth rate curves could not be ascribed to differences
in fracture mechanisms, and it appears to be intrinsic to
the nature of fatigue in these steels. Following
Weertman,53,55 for example, crack extension may occur when
a critical displacement which is characteristic of the
material is produced at every material element at the
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crack tip. On monotonic loading the achievement of the
critical displacement at the crack tip elements assures
the achievement of the same displacement at the next
material elements in the crack path and crack growth is
unstable. On cycle loading, however, the critical
displacement must be produced in every element by
accumulation of cyclic displacements and crack growth is
stable. By using only this criterion and the Bilby et a140
dislocation model Weertman predicted the onset of rapid
crack acceleration as K -+- KIC and a 4th power dependence
of the crack growth rate on AK.
From what has been said before in the discussion of
the rapid fracture of these steels it follows that the
fatigue crack growth resistance must be mainly controlled
by the matrix, and the experimental results enforce that
point since despite their differences in the volume and
sizes of the undissolved carbides crack growth rates were
similar for both steels.
3.7 Influence of the Retained Austenite on
the Fracture Toughness of Bearing Steels
Austenite is not sensitive to high local stress
concentration, and is not susceptible to cleavage or to
flow localization. Retained austenite can thus improve
toughness in hardened steels, and this has been observed
in some instances. The 52100, M-50 and 18-4-1 steels used
in this work contained various amounts of retained austenite,
and some observations can thus be made on the effects of
retained austenite on the K Ic-fracture toughness.
Figure 1 in Appendix A shows that for 52100 KIC
increases with increasing tempering temperatures up to
195 0C but there is a distinct decrease in toughness on
tempering at 230*C. This was observed for all three
austenitizing temperatures. The decrease in toughness
is unusual in that the hardness decreases on tempering
at 230 0C. Table 4 in Appendix A shows that 5 to 10 pct.
retained austenite remained stable at tempering temperatures
up to 195 0 C, but the retained austenite content dropped
sharply to zero on tempering at 230*C. The decrease in
fracture toughness after tempering at 230 0C is concurrent
with the termal transformation of retained austenite, and
it appears that the toughness of microstructures containing
lightly tempered martensite in the matrix is lower than that
of microstructures containing retained austenite in addition
to lightly tempered martensite. We thus conclude that
retained austenite is beneficial to toughness in this steel,
and the decomposition of retained austenite is one of the
causes of the 2304C temper embrittlement of 52100.
M-50 in the AAC condition contained 28.5 pct. austenite,
but after triple tempering at 5104C only 6.3 remained in the
microstructure. Concurrently with this large drop in
retained austenite there was a decrease in K Ic from
20 MPa.ml/2 to 17.5 MPa.m /2, despite the fact that the AAC
specimens were harder than those triple-tempered at 510*C.
In 18-4-1 no differences in KIc were found between the AAC
specimens with 9 pct. retained austenite and the specimens
triple-tempered at 540C with practically no retained
austenite in the microstructure, but since the AAC specimens
were harder, we would expect KIc to be lower for these
specimens. It thus appears that the observed embrittlement
in M-50 and 18-4-1 is also due to the replacement of
austenite by martensite, and that retained austenite is
beneficial to toughness. However, precipitation of M23 C6
from retained austenite and the presence of secondary
hardening carbides in specimens triple-tempered in the
secondary hardening range may also affect the fracture
toughness.
Refrigeration immediately after quenching, although
it does not eliminate austenite completely, greatly
reduces the amount of this phase. The comparison between
the K Ic-fracture toughness of specimens refrigerated and
not-refrigerated and equally tempered may thus be useful
in assessing the influence of retained austenite on KIc'
Experiments97 of that nature carried out on a deep-hardening
high-carbon steel with a composition and microstructure
similar to those of the present 52100 steel have shown a
slight degradation of KIc upon refrigeration. This steel
also failed by intergranular cleavage.
The potential benefit of retained austenite on the
KIc-fracture toughness of bearing steels is, however, of
limited interest only, since dimensional stability
considerations preclude the use of any significant amount
of it in the microstructure of components used in mainshaft
gas turbine bearings.
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Retained austenite may also, in some instances, be
detrimental to toughness, as has been recently shown by
Horn and Ritchie. They found the tempering martensite
embrittlement (TME) to be significantly greater in 4340
and 300-M microstructures containing increasing volume
fractions of retained austenite. The embrittlement was
concurrent with the mechanical instability of the austenite,
and Horn and Ritchie concluded that the embrittling effect
of the austenite is due to its transformation into brittle
untempered martensite ahead of the crack under the influence
of the stress field. The transformation adds a new mechanism
of energy absorption, but this toughening effect of the
transformation may be insignificant in comparison to the
embrittling effect of the resultant martensite, which can
constitute a weak path for crack propagation.
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IV. CONCLUSIONS
From the results presented here it appears that the
maximum KIC values achievable in the steels used today for
high performance rolling bearings, is rather modest.
Significant progress have been made in the last three
decades in tailoring high-strength high-fracture-toughness
structural steels. The basic philosophy, which is the
result of a great deal of experimental effort and modeling
of the micromechanisms of fracture, in designing these
steels has been to reduce the inclusion content, to refine
the microstructure in steels which failed by cleavage, and
to eliminate impurities segregation at the grain boundaries
by quenching from high austenitizing temperatures. In
cases where fracture was controlled by fibrous rupture
or glide decohesion attempts were made to reduce the
volume fraction and the size of the dispersoids and to
increase the matrix/particle interfaces strength. The
common feature, however, with cases of grain boundary
embrittlement excepted, was that the matrix itself was
completely ductile and the second-phase particles were
controlling fracture.
A situation totally different arises when the matrix
in inherently brittle. There the matrix may crack by
strain concentration at the crack tip before the plastic
zone is large enough to crack a second-phase particle or
join any voids by plastic growth. This seems to be the
case for high hardened steels. The analysis of the
results for M-50 and 18-4-1 reveals an upper limit imposed
by the matrix for the K Ic-fracture toughness of these
steels and higher values cannot be achieved by changing
the excess carbide distribution. We do not know what
determines the inherent brittleness of the matrices of
these steels. For all of them the martensite is
plate-martensite, which is much more brittle than the
lath type.99 Figure 15 compares the KIc values measured
for the three bearing steels at equal levels of hardness.
52100 failed by intergranular cleavage but since
transgranular areas were also found on the rapid fracture
surfaces of this steel we cannot assume that KIC for
transgranular fracture is much different. From that figure
it appears that KIc slightly increases with decreasing
matrix carbon contents.
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Similar remarks can be made for the fatigue crack
growth resistance. It appears to be controlled by the
local ductility and therefore by the nature and properties
of the matrix. We were unable to determine the threshold
value, AKth, which is usually taken at dc/dN % 10-8 cm/cycle,
because of the slow cycling time of our machine, but it is
evident that fatigue cracks can propagate in these materials
at stress intensities as low as AK = 5 MPa.ml/2
Finally, if higher hoop and bending stresses are to be
sustained by bearing rings in future applications, new
approaches will thus be required, and it is our opinion
that the most straightforward approach is the use of
carburized components with a core tough enough to arrest
any fast crack that may be produced in the harder and more
brittle case, which must exhibit the good rolling contact
properties of M-50 or 18-4-1.
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V. SUGGESTION FOR FUTURE WORK
Matrix condition is thought to have a major influence
on fracture toughness and fatigue crack propagation of
highly hardened steels, but further work on this problem
is required, including TEM studies of very hard martensites
and of in-situ fractures of high-speed steels. Matrix steels
would be specially convenient for this kind of studies since
the complication due to carbides detachment from the thin
films is eliminated. The aim of such a work should be to
find what factors determine the inherent brittleness of
those martensites, and what can be done to improve ductility.
Fracture toughness testing of Matrix steels will also be
very important to assess unambiguously the role of the
undissolved carbides.
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VII. APPENDICES
FRACTURE TOUGHNESS AND FATIGUE CRACK GROWTH
IN 52100 BEARING STEEL
J. A. RESCALVO AND B. L. AVERBACH
ABSTRACT
The highest values of fracture toughness, approximately
20 MPa-ml/2 (18 ksi-in /2 and the lowest rates of fatigue
crack propagation were obtained in 52100 bearing steel
austenitized at 815*C (15004F), which was the lowest
austenitizing temperature used, and on tempering in the
range, 150-195*C (300-3850F). The corresponding hardness
values were approximately 61 Rockwell C. The fracture
toughness values were lower and the crack propagation rates
were higher for the highest austenitizing temperature used,
870 0C (16000F). The tensile elongations were also highest
for the lowest austenitizing temperature. The carbon in
solution varied from 0.49 pct at 815*C (1500*F) to 0.67 pct
at 870*C (16000 F) and the improvement in the fracture and
fatigue behavior at the low austenitizing temperature is
ascribed in part to the improved ductility of the low carbon
martensite.
J. A. Rescalvo is a Research Assistant at the Massachusetts
Institute of Technology and this research is a portion of his
doctoral thesis, B. L. Averbach is a Professor of Materials
Science at M.I.T.
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SEM studies of the fracture surfaces showed that the
fracture path was almost entirely intergranular in the fast
fatigue region and in the rapid fracture tests performed with
compact tension specimens. The fracture path was mainly
transgranular in the slow fatigue region, with voids arising
from the pull-out of carbides, but with little evidence of
ductility. The slow fatigue followed a power law,
dC/dN = A(Ak)m, with m = 3-4. The mode of failure in smooth
tensile bars was predominately transgranular, with fractures
initiating in the center for the most ductile specimens, those
austenitized at 815*C (1500*F). Fractures were initiated at
the surfaces, in a mostly intergranular fashion for specimens
-austenitized at 845 0C (15560F) and 870*C (1600*F), but
propagated in a predominately transgranular fashion.
INTRODUCTION
AISI 52100 steel is used widely for precision
high-performance rolling element bearings. The steel is usually
made in an electric furnace, vacuum-degassed and spheroidized
annealed and is held to specified inclusion ratings, as well as
to segregation, carbide distribution and defect limits. The
rolling elements and rings are hardened and tempered in the
range 58-64 Rockwell C, with a microstructure containing
tempered martensite, retained austenite and undissolved
spheroidized carbides.
Rolling element bearings normally fail by spalling fatigue 1'2
and these failures are greatly influenced by the inclusions,
particularly the larger ones. In some applications, such as
mainshaft gas turbine bearings, significant hoop stresses can
be developed, and the superposition of these stresses on the
dynamic Herz stresses can lead to bulk fatigue and rapid
fracture, in contrast to spalling fatigue.3 A few studies of
the fracture toughness of 52100 have been made,4 but data on
the metallurgical practices used in industry were lacking.
In this study we have investigated the influence of
austenitizing and tempering temperatures on the critical
stress intensity factor, KIc, on the fatigue crack
propagation rates, and on the normal tensile properties.
We have observed the microscopic aspects of the fractures by
means of scanning electron microscopy and we have attempted
to correlate the fatigue and fracture data with the
microstructures.
These studies show how the fatigue and fracture properties
of 52100 may be optimized within the usual heat treating
procedures and indicate the limits of this steel as a high
strength structural material.
EXPERIMENTAL PROCEDURE
Material
The 52100 steel (1.06 C, 1.54 Cr, 0.40 Mn, 0.024 S, 0.016 P,
0.31 Si, 0.19 Ni, 0.06 Mo, 0.07 Cu) was supplied by Colt Industries
Crucible as 80 mm diam. bar for the KIc specimens and as 3/4 in.
bar for the tensile specimens. The steel was made in an
electric-furnace, with D-H degassing, and had a JK cleanliness
rating shown in Table 1. The material was spheroidized annealed
and was in the metallurgical condition normally used in bearing
production.
The test specimens were rough-machined and austenitized
at 815*C (1500*F), 845*C (1550*F) and 870 0C (16000F) in an
Endogas atmosphere. Each load was at heat for 25 min. and
Table 1.
A
Sulfide
T
2.5
2.5
H
1.5
1.5
1.5
1.5
1.5
1.5
Jernkontoret Cleanliness Ratings
Alumina
T
2
2
2
1.5
1.5
1.5
Silicate
H
0
1
0
0
1
T
0
0
0
0
0
0 0
H
0
0
0
0
0
0
Oxide
T H
1.5
1.5
1.5
1.5
1.5
1.5
Ingot
No.
Al
Table 2.
Tempering
Temp. *C
As Quenched
135
150
170
195
230
815
63
63
60.5
Hardness, Rockwell C
Hardening Temperature, *C
845
64.5
63
61
60 60
870
62.5
61.5
5was quenched into oil at 150*C (300*F). The load remained in
the oil for eight minutes, was then cooled to room temperature,
washed, and then tempered at 135*C (275*F), 150*C (300*F,
170*C (340 0F), 195*C (385 0F) and 230*C (450 0F) for two hours.
Tempering. temperatures were controlled to + 30C (+ 50F). The
specimens were then ground to the final dimensions. The
resultant hardness values are shown in Table 2.
Fracture Toughness Testing
Fracture toughness tests were made with compact tension
specimens in accordance with ASTM standard E399-72. The
thickness of these specimens was 6.4 mm (0.25 in.) with
W = 50.8 mm (2 in.). Each test met the ASTM conditions for
plane strain. Two orientations were used. In one, the
machined slot was parallel to the bar axis, in the other, it
was transverse to the axis but in a plane parallel to the bar
axis. The center section of the bar was not used. However,
there were no differences between the longitudinal and
transverse results and all of the values were averaged. In
front of the propagating crack the intensely strained plastic
zone is of the order, K2/a E, where E is Young's modulus, and
5
a is the yield stress, and this is smaller than the distances
y
between the inclusions and the carbides in these steels.
For this reason there may have been no differentiation
between the longitudinal and transverse directions. At least
3 specimens were used for each data point.
The specimens were precracked by fatigue in an MTS machine
at 10 Hz. The last 1.3 mm (.05 in.) of the fatigue cracks were
grown at stress intensities less than 0.67 KIc. The precracked
specimens were pulled in an Instron machine at 0.0008 mm/sec.
(0.002 in/min) for the KIC determinations. The initial crack
length was measured by means of a travelling microscope. Slow
crack growth caused by plastic blunting appeared to be negligible
at these high hardness levels, and the maximum load was used to
calculate the plane strain fracture toughness.
Fatigue Testing
The fatigue crack propagation tests were carried out on an
MTS machine at room temperature, 18 to 24*C (65 to 75*F), in air
of 40 to 50 pct relative humidity. The compact tension specimens
were cycled at 10 Hz using a saw-tooth tension-tension cycle with
the minimum/maximum load ratio, R = 0.1 The advancement of the
fatigue crack was measured with a travelling microscope. The
sides of the specimen were polished and we were able to measure
crack advances of 0.025 mm (0.001 in). The stress intensity
range was progressively decreased as the crack length increased
and the growth rates were measured only after the crack had
progressed beyond the plastic zone created by the previous
maximum stress intensity.
Tensile Testing
Tensile tests were performed on smooth tensile specimens
0.187 in. diam. with a gage length of one inch. Shoulder grips
were used and the extension rate was 0.004 mm/sec (0.01 in/min.).
Strains were measured by means of strain gages. Two strain
gages on opposite sides of the specimens were used to check the
alignment, and differences between the readings were less than
one percent of each reading. The tensile properties measured
were the 0.2 pct. yield stress, a y, the elongation to fracture,
E, the fracture stress, af, and the strain hardening exponent,
n. The strain hardening exponents were found by converting
the load-strain curves to log stress-log plastic strain curves
by a least squares method.
DISCUSSION OF THE RESULTS
Fracture Toughness
The plane strain fracture toughness, KIc is shown in
Figure 1. It is evident that KIc increases as the austenitizing
temperature is lowered. The highest values of KIc, with values
of about 20 MPa.m 1/2 (18 ksi in1 /2 ), were obtained on
austenitizing at 815*C (1500 0F) and tempering in the range
135-195*C (275-3850F). For each austenitizing temperature the
maximum fracture toughness values were observed on tempering in
the range 150-195*C (300-385*F), and KIc values on tempering at
230 0C (450 0F) were always lower than the maximum.
Observations of the fracture surfaces by scanning electron
microscopy (SEM) indicated that all of the rapid fractures in the
precracked compact tension specimens occurred by an intergranular
mechanism. Typical examples are shown in Figures 2 and 3. The
intergranular fracture surfaces were quite smooth, and this type
of failure has been associated with segregation of Group IVB and
VB impurities to the grain boundaries,6,7 with the high hardness
levels accentuating the effects of the embrittling impurities.8,9
We were unable to determine the austenite grain size
metallographically, but the intergranular fractures indicate that
the grain sizes were very similar for the three austenitizing
temperatures. The Shepherd fracture grain size was observed to
be #9 for specimens hardened from the three austenitizing
temperatures. This corresponds to an average grain intercept.
of 16 yim. There were always a few regions with transgranular
fractures in which voids were formed by the pulling out of the
residual spheroidal carbides. These voids were always of the
same size as the undissolved carbides, even in the transgranular
regions, and there was evidently insufficient plastic flow to
cause any growth of these voids.
The volume of residual carbides and the intercarbide
spacings were measured for each austenitizing temperature from
a series of SEM photographs of polished sections at 3500 X. A
5 x 5 mm mesh was superimposed on each photomicrograph and the
volume fraction of carbides was determined by point counting.
The particle sizes, Figure 4, were not uniform and a Scheil
.analysis 0 was used to calculate the three-dimensional (3-D)
interparticle spacing. The carbon content was known and the
carbon dissolved in the austenite after each heat treatment
was calculated. The intercarbide spacings and the carbon
contents of the martensite matrix are given in Table 3. It
is evident that the carbon content on austenitizing at 815*C
(15000F) is lower, at 0.5 pct, in comparison with the carbon
content after austenitizing at 870*C (1600*F) at 0.7 pct.
The retained austenite contents were also measured by means
of an X-ray diffraction procedure and these data are summarized
in Table 4. The retained austenite contents are lowest at the
lowest austenitizing temperature, and on tempering at 230*C (450*F)
the austenite has been essentially removed. The behavior on
tempering at 230*C (450*F) is puzzling. The fracture toughness
was always lower than the corresponding maximum value. We were
unable to find a fractographic explanation for this but we
speculate that the reduction in toughness is associated with the
end of the first stage of tempering which occurs at this
temperature. At this stage the maximum amount of e-carbide has
been precipitated and cementite is just beginning to be nucleated.
It should also be noted, however, that the retained austenite
drops sharply on tempering at 230*C (450*F), and the loss of
retained austenite may account for the drop in the KIc values
in comparison with the values obtained in tempering at 195*C.
Table 3. Undissolved Carbides and Carbon
Contents of the Martensite
Carbides
Hardening Temperature
As-Annealed
815 0C (15000F)
845*C (15500F)
870 0C (16000F)
Vol. %
16+1.1
8+0.8
6+0.7
5+0.7
3D-Spacing (ym)
1.20
1.35
1.45
1.50
Matrix
0
0.49
0.63
0.67
MWM
T
Table 4. Retained Austenite, Vol. Pct.
Tempering
Temp. *C
As Quenched
135
150
170
195
Hardening Temperature, *C
815
8
8
8
8
6
230 0
845
15
15
15
12
10
0
870
18
18
17
15
12
0
10
Nakazawa and Kraus also found that the trend of fracture
toughness values for one series of their 52100 specimens was
lower as the austenitizing temperature was increased. Their
highest values, about 19.4 MPa.m1 /2 (17.6 ksi-.in1/2 ), were
obtained on austenitizing at 800-850*C, and this is very close
to our maximum value, 19.8 MPa-m/2 (18 ksi-in /2), for
specimens austenitized at 815*C (15000F). Their starting
microstructure in these specimens consisted of pearlite and
proeutectoid carbides, whereas our initial structure contained
only spheroidal carbides. The fracture paths were all largely
intergranular, for our treatments and for theirs, and thus,
the changes in fracture toughness on heat treatment cannot
be ascribed to changes in fracture mechanisms. There were
more undissolved spheroidal carbides at the grain boundaries
for the lower austenitizing temperatures, and this could be
expected to lead to a lower fracture toughness, but the
opposite was observed. However, as our tensile data showed,
the ductility of the lower carbon martensites was consistently
higher than that of the higher carbon material. Although we
were unable to observe evidence of flow in the fractographs,
a small amount of plastic flow must precede the crack front.
It thus appears that the beneficial effects of the lower
austenitizing temperatures in this steel may be due mainly
to the lower carbon content of the resultant martensite and
the consequent improvement in ductility.
Fatigue Crack Growth
Figures 5, 6, 7 and 8 show some of our measurements of the
fatigue crack growth rate, dC/dN, for various heat treatments.
The results for specimens tempered at 135*C (275*F), 170*C
(340 0F) and 230 0C (4500F) are shown; data for the other tempering
temperatures were also obtained but these were very similar and
are not given here. We were unable to determine the threshold
value, AKth, which is usually taken at dC/dN 2 10~8 cm/cycle
because of the slow cycling time of our machine, but it is
evident that fatigue cracks can propagate at significant rates
in this material at stress intensities as low as AK = 5 MPa-ml 2
We were able to distinguish only two growth rate regions.
At low crack growth rates the Paris-Erdogan power law was
followed, dC/dN = A(Ak)m, with values of m = 3-4, instead of
m = 2. Fractographic observations, Figure 9, showed that the
fracture mechanism in this fatigue region was mainly
transgranular, with a few intergranular areas. Similar
observations have been reported for martensitic medium carbon
steels tested in air. 12,13,14,15
In the fast fatigue region, the mechanism was almost
entirely intergranular, as seen in Figure 10, with an appearance
which was very similar to that observed in the rapid fracture
KIc specimens. Similar observations have been reported for a
bearing steel similar to 5210016 and for a carburized steel.1 7
12
The data in Figures 4, 5 and 6 show that the fatigue crack
growth rates become significantly lower as the austenitizing
temperature is decreased. The exponents in the power law
decrease and the entire curve--is shifted toward lower growth
rates at the lower austenitizing temperatures. The microscopic
mechanism of fracture appears to be the same for each curve and
we thus conclude that the lower growth rates are associated
with the increased ductility associated with the low carbon
martensite. The effects of tempering may be seen in Figure 8.
Here also, the lowest crack growth rates at a given value of
Ak are observed for specimens in which the martensite has the
highest ductility.
We were unable to observe any striations or other evidence
of plastic flow in the transgranular fractures. There were many
instances of spheroidal carbides pulled from the matrix, and in
a few instances, manganese sulfide inclusions separated from the
matrix, Figure 11, but the appearance on the whole appeared to
be an unfaceted tensile separation with little evidence of
shear.
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Tensile Properties
The tensile properties are summarized in Figures 12, 13, 14
and 15. The elongation is evidently the highest at the lowest
austenitizing temperature. The elongation also increases with
increasing tempering temperature although there is a distinct
decrease in elongation at 230 0C (450*F) for the highest
austenitizing temperature. We have ascribed the increased
ductility at the lowest austenitizing temperature to the fact
that this corresponds to the lowest carbon content in the
martensite (Table 3). The yield and fracture strengths are
also highest at the lowest austenitizing temperature, and
tend to increase with increasing tempering temperature. The
strain hardening exponent, Figure 15, was lowest for the
lowest austenitizing temperature.
Fractographic examinations, Figures 16 and 17 were made
of the tensile fractures. It was found that fracture origins
for specimens austenitized at 845*C (1550*F) and 870 0C (1600*F)
were at the surfaces of the tensile bars. For specimens
austenitized at 815 0C (15000 F) the fracture origins were located
at the centers of the tensile bars. There were many instances
of voids associated with pulled-out carbides at the fracture
origins, and elsewhere at the fracture surfaces, for specimens
austenitized at 815 0C (1500 0F). A few intergranular surfaces
were observed at the origins of the specimens austenitized at
the two higher temperatures, but the tensile fractures were
mainly transgranular, with small shear lips.
CONCLUDING REMARKS
It is evident that the best value of fracture toughness
achieved thus far in 52100 is about 20 mPa-ml/2 (18 ksi-in /2
and this can be achieved only by keeping the austenitizing
temperature in the vicinity of 815*C (1500*F). At this
austenitizing temperature the martensite contains only 0.5 pct
carbon, the tensile ductility values are the highest, in the
vicinity of 2 pct, the strain hardening is the lowest and the
tensile strength properties are the highest. The fatigue crack
growth rates are also lowest for the lowest austenitizing
temperature. It thus appears that the ductility of the
martensite is an important factor in both fatigue and rapid
fracture and this is achieved by keeping the austenitizing
temperature low.
The role of the residual spheroidal carbides is difficult
to assess. These carbides were always small relative to the
grain size and they always pulled out rather than cracked.
There is little to indicate whether carbide delaminations
account for a significant fraction of the energy for crack
15
propagation in these steels or whether the pulling-out is merely
one of the minor mechanisms of crack propagation. We expect,
however, that a martensitic steel containing 0.5 pct carbon and
no excess carbides would probably have better ductility and
higher fracture toughness than the 1 pct carbon steel
austenitized at 1500*F.
The best fracture toughness values and fatigue crack growth
rates achievable in normal practice with 52100 are apparently
limited to rather modest values. If higher hoop and bending
stresses are to be sustained in future applications, new
approaches and probably new alloys will be required.
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52100. The maximum scatter was + 0.5 units.
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Figure 9. Fatigue fracture surfaces at low crack growth rates,
showing transgranular mechanism with segments of
intergranular fracture at AK % 6.5 mPa-m1/2 and R = 0.1.
(a) Austenitized at 815 0C, and (b) austenitized at 870*C.
Both tempered at 170 0C. Crack propagation upward.
Figure 10. Fatigure fracture surfaces at high crack growth rates,
showing predominantly intergranular fractures at
AK n 12 MPa-ml/2 and R = 0.1. (a) Austenitized
at 815 0C, and (b) austenitized at 870 0C. Both
tempered at 170 0C. Crack propagation upward.
Figure 11. MnS inclusion on the fatigue fracture surface of
a specimen austenitized at 815 0C and quenched
into oil. AK % ll MPa-ml/2 and R = 0.1. Crack
propagation upward.
Figure 12. Tensile elongation in hardened 52100.
Figure 13. 0.2% yield stress in hardened 52100.
Figure 14. Fracture stress in hardened 52100.
Figure 15. Strain hardening exponent in hardened 52100.
Figure 16. Uniaxial tension fracture surface of specimens
austenitized at 815*C and tempered at 230 0C.
(a) Overall view showing the origin of fracture.
(b) High magnification view of the fracture
origin region.
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Figure 17. Uniaxial tension fracture surface of specimens
austenitized at 870*C and tempered at 230*C.
(a) Overall view showing the origin of fracture.
(b) High magnification view of the fracture
origin region.
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Fig. 1 - Plane strain fracture
toughness, KIc, in hardened 52100.
The maximum scatter was + 0.5 units.
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Fig. 2 - Plane strain rapid fracture
surfaces of specimens tempered at
170 0C. (a) Austenitized at 870*C,
and (b) austenitized at 845*C.
Crack propagation upward.
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Fig. 3 - Plane strain rapid fracture
surfaces of specimens austenitized
at 815 0 C. (a) Tempered at 170*C,
and (b) tempered at 195 0 C. Crack
propagation upward.
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Fig. 4 - Spheroidal undissolved
carbides in specimens austenitized
for 25 min. and quenched into oil.
(a) Austenitized at 815*C, and
(b) austenitized at 870*C.
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Fig. 5 - Fatigue crack growth rates
in 52100 tempered at 135 0 C.
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Fig. 11 - MnS inclusion on the
fatigue fracture surface of a
specimen austenitized at 815*C
and quenched into oil.
AK "' 11 MPa-ml/ 2 and R = 0.1.
Crack propagation upward.
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Fig. 16 - Uniaxial tension fracture
surface of specimens austenitized
at 815 0C and tempered at 230*C.
(a) Overall view showing the origin
of fracture. (b) High magnification
view of the fracture origin region.
Fig. 17 - Uniaxial tension fracture
surface of specimens austenitized
at 870*C and tempered at 230 0C.
(a) Overall view showing the origin
of fracture. (b) High magnification
view of the fracture origin region.
FRACTURE AND FATIGUE IN M-50
AND 18-4-1 HIGH SPEED STEELS
J. A. Rescalvo and B. L. Averbach*
ABSTRACT
The plane strain fracture toughness values, KIc' the fatigue
crack growth rates and the tensile properties of M-50 and 18-4-1
high speed steels have been measured as a function of tempering
temperature. The M-50 was a vacuum arc remelted grade (VIM-VAR)
and the 18-4-1 an electroslag grade, and both are used in
mainshaft gas turbine bearings. At the usual hardness for
bearings, Rockwell C 62, 18-4-1 exhibited a slightly higher
fracture toughness (21 MPa.m /2) than M-50 (18 MPa.m /). The
fatigue crack growth rates were very similar, and in the slow
growth region followed the usual power law, dC/dN = ( mK)m with
m = 3-4. The crack propagation rates were still significant at
1/2values as low as AK = 5 MPa.m 1 . SEM studies of the fracture
surfaces showed complex transgranular fracture paths for both
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2steels. The tensile strengths and the elongations of M-50 were
somewhat higher than the corresponding values for 18-4-1 but
the yield strengths of the two steels were similar. The
microstructures of these steels were markedly different, with
M-50 exhibiting 2.6 vol. pct. undissolved carbides and the
18-4-1 showing 15.2 vol. pct. carbides, but the fatigue and
fracture behaviors were similar.
INTRODUCTION
M-50 and 18-4-1 (Tl) high speed steels are used extensively
in mainshaft gas turbine bearings. In American practice,M-50 is
used almost exclusively and the steel is usually vacuum induction
melted and vacuum arc remelted (VIM-VAR). The British use 18-4-1
almost exclusively, and the steel is usually electroslag remelted
(ESR). Inclusion ratings, carbide distribution, segregation and
defect limits are specified. The rings and rolling elements are
hardened and tempered in the range 60-65 Rockwell C and the
retained austenite is required to be less than 3 pct. Both
steels have performed satisfactorily in mainshaft bearings, but
requirements for advanced designs will make greater demands on the
fatigue and fracture resistance of these materials. There were
no data on the fracture toughness of these steels, and there
has been some discussion on the merits of one steel over the
other for what are essentially similar applications. This
work was undertaken to determine the fracture toughness and
fatigue crack propagation rates in these steels and to explore
the effects of heat treating variables. It was also expected
that these data would provide guidelines for safe fracture
designs of advanced components.
Rolling element bearings normally fail by spalling fatigue,1' 2
but in high performance aircraft gas turbine bearings significant
hoop stresses can be developed, and the superposition of these
stresses onto the dynamic Hertz stresses can lead to catastrophic
fracture of the rings, in contrast to spalling fatigue. These
problems are accentuated as the DN ratings of the application
(D = diameter of the bore in mm, N = revolutions per minute)
2
are increased, with the hoop stresses increasing as (DN)
Since the materials are hard, approximately 62 Rockwell C, and
the ductility is low, linear elastic fracture mechanics
may be used to evaluate the critical stress intensity factors,
KIc, and the safe operating stress for the bearing rings.
The literature on the fracture toughness of high speed
steels is not extensive. Erikson has measured KIc for M-2
(at 66 Rc), M-7 (at 68.5, 64, 58.5 and 51.5 Rc)' M-42
(68.5 Rc)' STORA-30 (at 68.5 Rc) and ASP-30 (at 69 Rc)'
Johnson 5 has measured KIC values of M-2 and M-7 for various
heat treatments. We have investigated the fracture toughness
and fatigue crack propagation rates of 52100 bearing steel
(1.0 C, 1.5 Cr) which is also used in mainshaft gas turbine
bearings and in other high performance applications.6
In this study we have observed the effects of heat treating
variables on the critical stress intensity factors, on the fatigue
crack propagation rates and on the tensile properties of M-50
and 18-4-1. The M-50 was a typical heat of VIM-VAR steel from
an American mill and we followed the usual heat treating
5procedures used here. The 18-4-1 was an ESR heat from an English
mill and we followed the heat treating procedures used in the
production of English bearings. We thus have a comparison of
the two materials processed in accordance with the established
practices.
EXPERIMENTAL PROCEDURE
Materials and Heat Treatments
The M-50 steel (0.80 C, 4.26 Mo, 4.14 Cr, 0.99 V, 0.27 Mn,
0.19 Si, 0.05 Ni, 0.04 W, 0.04 Cu, 0.01 Co, 0.008 P, 0.003 S) was
supplied by Allegheny Ludlum Steel Corporation as 80 mm diameter
bar. The steel had been vacuum induction melted and vacuum arc
remelted (VIM-VAR). It was approved for use in aircraft mainshaft
bearings, and had a cleanliness rating shown in Table 1. After
rough machining, the specimens were austenitized at 1095 0C (20000F)
in an endothermic atmosphere. The time at heat was estimated at
approximately 30 minutes. As each load was removed from the furnace,
the specimens were dumped and spread out on an expanded metal grate,
air cooled to room temperature, and then tempered 3 times, for 2 hours
at heat each time, at 510*C (950*F), 530*C (9854F), 540*C (1000*F),
550 0C (10250F) and 565*C (1050 0F). Tempering temperatures were
controlled to + 50F). One set of specimens was tempered at 540 0C
(10000F), refrigerated at -80*C (-1100F) and then tempered two
additional times at 540 0C. The specimens were then ground to the
final dimensions. The resultant hardness values are shown in
Figure 1.
The 18-4-1 (Tl) steel (0.74 C, 17.95 W, 4.41 Cr, 1.20 V, 0.31 Mn,
0.30 Mo, 0.18 Si, 0.028 P, 0.022 S, 0.015 Al, < 0.001 Pb) was supplied
by Firth Brown Ltd. as 3 3/8 in. diameter electroslag remelted (ESR)
bar, and was approved for use in aircraft gas turbine bearings. The
bar was magnetic particle inspected by the wet continuous method.
There were many carbide stringer indications, but no indications of
Table 1. Jernkontoret Cleanliness Ratings
of M-50 Steel
Thin
Sulfide
0.0
Heavy 0.0
Alumina
0.0
Silicate
0.0
0.0 0.0
Oxide
1.0
1.0
non-metallic inclusions. Compact tension specimens and tensile
specimens were preheated in salt at 845/855*C (1555/1578*F),
hardened in a salt bath at 1250*C/1255 0C (2280*F/2290*F) and air
cooled. Each load was in the preheat salt for 20 minutes at heat,
and at high heat for 5 minutes. After air-cooling to room
temperature, the specimens were tempered 3 times, for 2 hours at
heat each time, at 540*C (1000*F), 550*C (1025*F), 560*C (1040*F),
580 0C (1075*F) and 595*C (11004F) with temperatures held to + 3C
(+ 5*F). The resultant hardness values are shown in Figure 2.
One set of specimens was refrigerated at -800C (-1100 F) between
the first and second tempers. The hardness values for the
refrigerated samples are also shown in Figure 2.
Metallography
As hardened M-50 and 18-4-1 high speed steels consist of a
dispersion of undissolved carbides in a matrix of martensite and
retained austenite. The undissolved carbides in heat-treated M-50
have been found to be MC (essentially VC) and M2  (75.9 Mo, 8.7 Cr,
6.7 C, bal. Fe, all in wt. pct.), whereas in heat-treated 18-4-1,
the undissolved carbides are MC (7.1 Fe, 7.0 Cr, 47.5 V, 14.4 W,
24.0 C) and M 6C (26.8 Fe, 3.7 Cr, 2.3 V, 65.8 W, 1.4 C). 8,9,10
Table 2 lists the total volume percentages of MC, M2C
and M6C in both steels. Volume fractions were determined
by point counting, and differential etching techniques8 were
used to distinguish the carbide phases. In the case of the
7a
Table 2. Undissolved Carbides, vol. pct.
M6C M 2C MC Total
M-50. --- 1.8 0.8 2.6
18-4-1 14.9 --- 0.3 15.2
M-50 steel, the differential etching technique was unsatisfactory,
7
and the volume fraction of MC was taken from Bridge et al. The
specific gravities of the carbides8,9 were taken into account,
and the estimated compositions of the matrices in the as-hardened
condition are given in Table 3. If we consider the tungsten
equivalent to be twice the molybdenum content, both in weight
percent, it is evident that the compositions of the martensitic
matrices are similar despite the large difference
in the overall compositions. Figures 3 and 4 are typical
microstructures of M-50 and 18-4-1 in the as-hardened condition.
The following microstructural parameters were determined by
optical and scanning electron microscopy: the mean free path
between excess carbides, X, the nearest neighbor carbide distance,
A, and the austenite mean intercept grain size (L). These
quantities are given in Table 4. The mean free path is A=(1-f)/N,
where f is the volume fraction of excess carbides and N is the
number of particles intercepted per unit length of random test
line. The near neighbor distance, A, the average distance to
the closest carbide particle, was calculated from A = (1/N) 1/2
where N is the number of particles per unit area.
The retained austenite contents were measured by means of
an X-ray diffraction procedure. The pairs (200) /(200)a and
(220) /(200) were used. The as-hardened M-50 steel contained
28.5 vol. pct. of retained austenite, whereas the 18-4-1 steel,
as hardened, contained only 9 vol. pct. of retained austenite.
Table 3. Compositions of Martensitic Matrices
Composition, wt. pct.
CrSteel
M-50 .53
18-4-1 .42
4.00
3.60
Mo
2.95 .35
5.00 .65
8b
Table 4. Microstructural Parameters
M-50
18-4-1
A, PM
30.0
6.9
A, 1m
5.5
2.9
L, pm
12.8
9.4
= mean free path between undissolved carbides.
= mean nearest neighbor carbide distance.
= austenite intercept grain size.
On tempering in the secondary hardening temperature range, the
retained austenite was reduced, as shown in Table 5. On the
basis of the retained austenite contents and the compositions
of the matrices, it appears that the 18-4-1 had been somewhat
underhardened in comparison with the M-50.
Tensile Testing
Tensile tests were performed on smooth tensile specimens
0.187 in. diam. with a gage length of one inch. Shoulder grips
were used and the extension rate was 0.004 mm/sec. (0.01 in./min.).
Strains were measured by means of strain gages.
Fracture Toughness Testing
Fracture toughness tests were made with compact tension
specimens in accordance with ASTM standard E399-78. The thickness
of these specimens was 6.4 mm (0.25 in.) with W = 50.8 mm (2 in.).
Each test met the ASTM conditions for plane strain. Two
orientations were used. In one, the machined slot was parallel
to the bar axis, in the other, it was transverse to the axis but
in a plane parallel to the bar axis. The center section of the
bar was not used. However, there were no differences between
the longitudinal and transverse results and all the values were
Table 5. Retained Austenite, vol. pct.
Tempering Temperature, *C
air cooled
M-50
refrigerated*
18-4-1
refrigerated*
* refrigerated at -804C (-1100F) after the first temper
28.5
5100C
3.1
530
1.1
560540
0.6
0.8
0.6
580
10.3
565
0.3
550
0.6
0.3
595
- - ,
0.0
0.0
0.2 0.0
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averaged. The specimens were precracked by fatigue in a MTS
machine at 10 Hz, and pulled in an Instron machine at 0.008 mm/sec.
(.0.002 in./min.) for the KIc determinations. The maximum load and
the crack length, which was measured by means of a travelling
microscope, were used to calculate the critical stress intensity
factor, KIc'
Fatigue Testing
The fatigue crack propagation tests were carried out on an
MTS machine at room temperature, at 18 to 24*C (65 to 75*F) in
air of 40 to 50 pct. relative humidity. The compact tension
specimens were cycled at 10 Hz using a saw-tooth tension-tension
cycle with the minimum/maximum ratio, R = 0.1. The advancement
of the fatigue crack was measured with a travelling microscope.
The stress intensity range was progressively decreased as the
crack length increased and the growth rates were measured only
after the crack had progressed beyond the plastic zone created
by the previous maximum stress intensity.
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RESULTS AND DISCUSSION
Tensile Properties
The tensile properties are summarized in Figures 5, 6, 7
and 8. For both steels, the 0.2% yield and the fracture stresses
reached maximum values at about the secondary hardening peak. At
and above the secondary hardening peak, the 0.2% yield stresses
were similar for the two steels, but the fracture stresses were
systematically higher for the M-50 steel. The proportional
limits were essentially constant as a function of tempering
temperature, but the values for the 18-4-1 steel were higher
than for the M-50.
The elongations in both steels increased with increasing
tempering temperature, with the effect of increased tempering
being more marked in the M-50 steel. Elongations were
systematically higher for the M-50 steel. The matrix of
hardened M-50 contained more carbon and a higher tungsten
equivalent than the matrix of 18-4-1. We would thus expect
the martensite of the 18-4-1 to be more ductile than that of
the M-50, and we ascribe the lower ductility of 18-4-1 to the
much larger volume and larger sizes of the undissolved carbides.
Scanning electron microscopy (SEM) was used to examine the
tensile fracture surfaces. The fracture surfaces in both steels
exhibited quasi-cleavage facets, tear ridges, and voids associated
with undissolved carbides, Figure 9 and 10. The 18-4-1 fracture
surfaces showed a very large density of carbides, with the larger
ones fractured by cleavage. In M-50, as well as in 18-4-11 the
voids associated with the excess carbides were approximately the
same size as the corresponding particles, and there was evidently
insufficient plastic flow to cause any growth of these voids.
Small shear lips were also observed.
Fracture Toughness
The critical stress intensity factors, KIc, are shown in
Figures l1' and 12. It is evident that KIc increases as the
tempering temperature is increased above the secondary hardening
peak, and this appears to follow the increase in ductility with
tempering temperature.
The plane strain fracture toughness was slightly higher for
18-4-1 than for M-50, in spite of the fact that in unnotched
tensile specimens the fracture elongations were somewhat lower
for 18-4-1. This suggests that fracture is not initiated in the
same way in a smooth tensile specimen as it is in front of a
sharp crack. In a tensile specimen all of the sample was
uniformly plastically deformed throughout the gage length, and
fracture was initiated by plastically-induced cleavage or
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debonding of the largest carbides. In the precracked KIC specimens,
however, the size of the critical plastic zone in front of the
fatigue crackl2 was very small, of the order of 2-3 yrm. This is
small relative to the carbide parameters and probably insufficient
to cause particle-induced fracture. The progress of the crack
is thus not greatly affected by the carbides, and the values of
the plane-strain toughness, as measured by KIc' may be controlled
by the structure and properties of the matrix. Other examples of
the small influence of the undissolved carbides on the KIc fracture
toughness of hard high-speed steels have been given ,by K. Eriksson.
Our earlier data on 52100 also indicate that the undissolved
carbides do not play a large role in K Ic at the high hardness
levels used for bearing applications.
SEM observations on the fracture surfaces of the KIc specimens
indicated, as in the case of tensile fractures of smooth specimens,
complex transgranular fracture paths. As shown in Figures 13 and
14, in addition to quasi-cleavage facets, the fracture surfaces
exhibited both cleaved and debonded carbides and voids of the
sizes of those particles.
One set of samples refrigerated at -80*C (-110*F) between the
first and second tempers was carried along through all the testing
procedures. It is evident from the data in the figures that there
was little effect associated with this refrigeration treatment.
Fatigue Crack Growth
Figures 15 and 16 show the fatigue crack growth rates of
the M-50 and 18-4-1 steels after various tempering treatments.
We were unable to determine the fatigue crack propagation
threshold, AKth, which is usually taken at dC/dN = 10-8 cm/cycle,
because of the low cycling frequency of our machine. It is
evident, however, that fatigue cracks can propagate in these
materials at stress intensity amplitudes as low as
1/2
AK = 5 MPa.m
As a consequence of the low fracture toughness, the
fracture crack growth rates rise very rapidly for AK values
above 12 MPa.m /2. In the range 5 MPa.m /2 to 12 MPa.ml/2
the fatigue crack propagation rate can be represented by
dC/dN = A(AK)m, with m = 3-4. As in the case of KIc, the
fatigue crack growth resistance appeared to improve as the
tempering temperature was increased. The fatigue crack
growth rates were slightly lower for 18-4-1 in comparison
with M-50. As shown in Figures 17 and 18 the mechanism of
fatigue fracture appear to be the same for both steels, and
we thus must conclude that the fatigue crack growth behavior
of these two high-speed steels is not greatly affected by the
undissolved carbides.
CONCLUDING REMARKS
At the usual hardness levels for bearing applications, the
plane strain fracture toughness and fatigue crack propagation
rates in M-50 and 18-4-1 are similar. These properties
are apparently controlled by the ductility of the matrix and are
relatively insensitive to the volume, sizes and distribution of
the undissolved carbides. The matrix compositions of the two
hardened steels are almost equivalent and this accounts for the
similarity in fatigue and fracture properties. In contrast,
the tensile elongation and fracture stress appear to be adversely
affected by the presence of excess carbides.
We expect that the ductility of a martensitic steel will
increase as the carbon content decreases and that lower fatigue
crack propagation rates and higher KIC values could be achieved
by keeping the austenitizing temperature low. The 18-4-1 steel
was slightly underhardened with respect to the normal hardening
treatment and that may account for the somewhat better fracture
toughness and fatigue crack propagation resistance when compared
with the M-50. The best fracture toughness and fatigue crack
growth resistance achievable in these steels at the high
hardness levels required for bearing application is thus limited
to rather modest values and, if higher hoop and bending stresses
are to be sustained by bearing rings in future applications new
approaches will be required.
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FIGURE 9. UNIAXIAL TENSION FRACTURE SURFACE OF M-50
SPECIMEN AUSTENITIZED AT 1095*C AND
TEMPERED AT 540*C,
FIGURE 10. UNIAXIAL TENSION FRACTURE SURFACE OF 18-4-1
SPECIMEN AUSTENITIZED AT 1255*C AND TEMPERED
AT 5600C.
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FIGURE 11. PLANE STRAIN FRACTURE TOUGHNESS,
M-50. MAXIMUM SCATTER WAS + 0.8
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FIGURE 13. PLANE STRAIN RAPID FRACTURE SURFACE OF
M-50 SPECIMENS AUSTENITIZED AT 1095*C
AND TEMPERED AT 540*C. CRACK
PROPAGATION UPWARD.
FIGURE 14. PLANE STRAIN RAPID FRACTURE SURFACE OF
18-4-1 SPECIMEN AUSTENITIZED AT 12550C
AND TEMPERED AT 560*C. CRACK
PROPAGATION UPWARD.
AK ksi..in1/2
_0
c-
0
u
F-
4 5 6 7 8 910
ALTERNATING STRESS IN
15 20
TENSITY,AK, MPa-m
FATIGUE CRACK GROWTH RATES IN HARDENED M-50.
-5
10
-6
10z
-7
10
1/2
FIGURE 15.
AK ksi.- in/2
3 4 5 6 7 8 910
I I I I I I I
18- 4-1
Austenitized
5400C
5600C
580* C
5950C
E
ui
!i
ci-
U-1
u-
12500C
I
0
0
0/ P
/01V
m 4
15 204 5 6 7 8 910
ALTERNATING STRESS INTENSITY, AK MPa- m1/2
FATIGUE CRACK GROWTH RATES
15 20
I -
i0~
/AA/o /
/0
/ /
l | / Ii/ I | |
-
510
-6
\0
01)
z
-o-610
-710,I.|
IN HARDENED 18-4-1.FI GURE 16.
FIGURE 17. FATIGUE FRACTURE SURFACE AT LOW CRACK GROWTH
RATES IN HARDENED M-50. TEMPERED AT 540*C.
AK = 7 MPA.M AND R = 0.1. CRACK
PROPAGATION UPWARD.
FIGURE 18. FATIGUE FRACTURE SURFACE AT LOW CRACK
GROWTH RATES IN HARDENED 18-4-1.
TEMPERED AT 560*C.
AND R = 0.1. CRACK
AK % 7 MPA.M 1/2
PROPAGATION UPWARD.
SAM ANALYSIS OF INTERGRANULAR
FRACTURE IN 52100 STEEL
J. A. RESCALVO AND B. L. AVERBACH
In the course of an investigation of 52100 steel
hardened in the range 60-64 Rockwell C it was found that
specimens austenitized in the range 815*C (15004F to 870*C
(1600*F) fractured in an intergranular fashion. Figure 1
is an SEM fractograph of a compact tension specimen which
had been austenitized at 870*C and tempered at 135*C (275*C)
and it is evident that the fracture occurred along the prior
austenite grain boundaries. This particular view is
from a region which broke by rapid fracture in a K IC test.
It is now well established that fracture along prior
austenite grain boundaries in hardened steels is associated
with segregation to these boundaries. We attempted to
investigate the chemical composition at the grain boundary
facets on the fracture surfaces of the compact tension
specimens by means of Scanning Auger Microscopy (SAM), but
this was not successful because of the surface contamination
J. A. Rescalvo is a Research Assistant at the Massachusetts
Institute of Technology, and B.L. Averbach is a Professor
of Materials Science at M.I.T.
by air. In order to obtain a fresh fracture surface, small
specimens were fractured within the SAM apparatus at 10~10
torr and then analyzed immediately. The new type of specimen
was a rod 3.2 cm long, 0.368 cm diameter, with a 600 V-notch
0.082 cm deep at 1.3 cm from one end of the rod. The specimens
were austenitized at 870 0C in an atmosphere of dry nitrogen
for 25 min. at heat, quenched into oil at 150*C, cooled to
room temperature, washed and then tempered at 135*C for
1 hour. The specimens were then clamped in the Auger stage,
pumped to 10-10 torr and fractured by an impact blow from a
small hammer. SEM observations showed the fracture surfaces
to be only partly intergranular and eight intergranular
facets, like those in Figure 2, were analyzed by means of AES.
A 5 KeV and 2 yA primary electron beam with a spot size of
1 ypm was used to irradiate each facet individually, and
conventional Auger spectra, dN(E)/dE vs. E, were obtained
utilizing a modulation voltage of 3 volts. Figures 3 and 4
show the Auger spectra of one of the intergranular areas
analyzed in the as-fractured condition and after extensive
sputtering with Ar+. Some phosphorous segregation to the
prior austenite grain boundaries is evident in the freshly
fractured intergranular surfaces. We did not find evidence
of any other segregation.
3A first order approximation2 of the surface concentration
of phosphorus can be obtained by using the equation
CCP) = (I /S )/CI /S), where I and Ie are the peak-to-
p p /(IFeSFe and e
peak heights of the P(120) and Fe(703) peaks, and S and
p
SFe the respective relative sensitivity factors (0.45 for
PC120) and 0.2 for Fe(703)). The arithmetic mean value of
the P concentrations so determined for each one of the
eight intergranular areas analyzed was 0.3 at. pct. and
the maximum value was 0.5 at. pct.
The average concentration of P in the steel was 0.016
wt. pct., that is, approximately 0.03 at. pct., and the
0.3 at. pct. concentration at the grain boundaries thus
represents a tenfold segregation. That concentration
however accounts for only about one tenth of a monolayer,
and it is very small in comparison with the concentrations
of residual elements of about one monolayer, normally
found in high strength structural steels which exhibit
intergranular fracture. 52100 as heat treated for bearing
applications is much harder and much more brittle than the
high strength steels used for structural applications and
its greater susceptibility to intergranular fracture may
be due that fact.
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FIGURE 1. RAPID FRACTURE IN 52100 PRECRACKED COMPACT
TENSION SPECIMEN AUSTENITIZED AT 870*C FOR
25 MIN., QUENCHED INTO OIL AND TEMPERED AT
135*C FOR 2 HRS.
FIGURE 2. INTERGRANULAR AREA ON THE FRACTURE SURFACE
OF 52100 NOTCHED SMALL SPECIMEN BROKEN IN
THE ULTRA-HIGH VACUUM CHAMBER OF THE SAM
SYSTEM. THE SPECIMEN WAS AUSTENITIZED AT
870*C FOR 25 MIN., QUENCHED INTO OIL AND
TEMPERED AT 135*C FOR 1 HR.
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FIGURE 3. AUGER SPECTRUM FROM AN INTERGRANULAR
FRACTURE SURFACE OF 52100 AUSTENITIZED
AT 870*C FOR 25 MIN., QUENCHED INTO
OIL AND TEMPERED AT 135*C FOR 1 HR.
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FIGURE 4. MAGNIFIED PARTIAL AUGER SPECTRA FROM
THE SAME GRAIN BOUNDARY FACET AS
FIG. 3. UPPER CURVE FROM FRESH
SURFACE; LOWER CURVE OBTAINED AFTER
EXTENSIVE SPUTTERING WITH AR+,
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